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Abstract 
In the past years, a large body of work has been dedicated to semiconductor quantum dots 
embedded in thin films of oxide and nitride, as the tailorable electronic and optical properties 
of these nanostructures make them desirable for various optoelectronic applications. The 
properties of these low-dimensional semiconductor systems are directly related to the atomic 
arrangement, distribution and size of the quantum dots, the structure of the surrounding 
matrices and the distance between the quantum dots. The quantum confinement of carriers in 
the quantum dots, their interaction, and local states in the matrices are the dominating factors 
determining the material properties.  
The present work focuses on studying the atomic structures of these materials, and how their 
optical and electronic properties vary as a function of size and structure. Two material 
systems were especially synthesized as part of this work; Si and Ge quantum dots embedded 
in Si3N4 and SiO2 matrices, respectively.  Direct evidence of quantum confinement effects on 
plasmon energies, interband and conduction band structures as a function of the size and 
morphologies of the aforementioned Si and Ge quantum dots are provided by exploiting the 
high spatial and energy resolution of state of the art Scanning Transmission Electron 
Microscopy (STEM). The discrepancies between earlier theoretical and experimental works 
on the behavior of confined plasmons and interband transitions are discussed in terms of 
crystal imperfections, interface states and the chemistry of the surrounding matrix of each 
system. A comparison between the confinement strength in the system of Si and Ge quantum 
dots was also brought into discussion. To date, the existing experimental works found in 
literatures cannot unambiguously identify the correlation between chemical bonding and 
optical properties of the embedded quantum dots, due to the complexity of these systems. 
Moreover, the theoretical approaches to this matter are more than often contradictory. The 
combination of complementary techniques in the present work has drawn a consistent picture 
of bonding structures and resulting optical properties of Si quantum dots embedded in silicon 
nitride, and simultaneously highlighted the important impact of oxygen incorporated into the 
films. A model of gap states and electronic transitions for the silicon nitride films is 
proposed, which explains adequately the role of QC excitons vs defects in the visible 
luminescence of silicon nitride films with and without Si quantum dots. These results provide 
important information for understanding the quantum dots’ physical properties and the 
possibility for improvements of optoelectronic applications, like solar cells.  
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Preface 
The project “Synthesis and characterisation of thin films for renewable energy purposes” 
funded by the University of Oslo was started in December 2008. The main part of the project 
was carried out in the Structure Physics group, in collaboration with the SuperSTEM 
Laboratory funded by the U. K. Engineering and Physical Sciences Research Council and the 
Physical Electronic group at the Department of Physics, University of Oslo. My supervisors 
at the University of Oslo were Professors Arne Olsen, Terje Finstad and Anette Eleonora 
Gunnæs. Experimental work at the SuperSTEM Laboratory was carried out in collaboration 
with Dr. Despoina Maria Kepaptsoglou and Dr. Quentin Ramasse. 
This PhD project was motivated by the potential of the third generation solar cells, which 
seek to increase the device efficiency above the Shockley-Queisser limit, and the recent 
advances in aberration-corrected scanning transmission electron microscopy and electron 
energy loss spectroscopy that allow the investigation of the electronic structure and chemistry 
of materials with sub-angstrom spatial resolution. The work focused on studies of the 
structure and electronic properties of semiconductor quantum dots using mainly transmission 
electron microscopy and electron energy-loss spectroscopy. The synthesis and structural 
characterization of the semiconductor quantum dots were carried out at the Structure Physics 
group, University of Oslo. Due to the extremely small dimensions of the quantum dots and 
the need of high spatial and energy resolution instrument for very detail experiments, the 
investigation of the quantum dots’ chemical bonding and electronic properties was carried out 
by advanced analytical scanning transmission electron microscopy at the SuperSTEM 
Laboratory. There is a direct continuation of, and an improvement on, the important and 
novel results reported in the first to the third paper, which provided one of the first direct 
experimental evidence for the presence of quantum confinement effects in individual Si and 
Ge quantum dots in a dielectric matrix. The contribution from this work very much provides 
an improved understanding of the condensed matter physics responsible for the quantum 
behaviors of the quantum dots, while from a practical point of view it would also arguably 
provides important result for the photovoltaic community concerned with device/materials 
performance. 
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Chapter 1 
Introduction 
While the world's current electricity supply is mainly generated from fossil fuels, these 
traditional energy sources face a number of problems including rising prices, dependence on 
imports from a limited number of countries which have significant fossil fuel supplies, and 
environmental concerns over the climate change associated with power generation using 
fossil fuels. As a result of these, there is increasing support to the development of alternative 
energy sources and new technologies for electricity generation. Renewable energy sources, 
which are generally unlimited in availability, such as solar, biomass, hydroelectric and wind-
power generation, have emerged as potential alternatives which address some of these 
concerns. Solar power generation has arisen as one of the most rapidly growing renewable 
sources of electricity. In this chapter, a brief introduction about the trend of solar power 
development, third generation photovoltaic solar cells and the use of semiconductor 
nanostructures in this field will be presented. Furthermore, and to the theme of this 
dissertation, the properties of Si and Ge nanostructure and theoretical models applied for 
these systems will be addressed, with respect to their application in photovoltaic cells. 
1.1. The boom of photovoltaics 
Through the photovoltaic (PV) effect, electrical power can be obtained from sunlight. PV 
energy is likely to become one of the largest – if not the largest, source of electricity 
production: sunlight, after all, is abundant, clean and free, while environmental concerns (and 
depleting stocks) are making the exploitation of more traditional sources such as fossil fuels 
unsustainable. PV energy production is extremely modular, being able to produce watts or 
megawatts under essentially the same configuration. It is versatile, both a potential world-
scale energy source and a suitable solution for numerous small powering problems. It can be 
integrated in city buildings or in remote dwellings with no access to conventional electricity 
and is both inexhaustible and clean. Moreover, stand-alone PV systems produce power 
independently of the utility grid. In some off-the-grid locations even one half kilometer from 
power lines, stand-alone PV systems can be more cost-effective than extending power lines.  
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The year 2011 was a record year for the solar PV industry, with more than 29 GW of new 
capacity installed worldwide, corresponding to a 70% increase compared to 2010. Global PV 
capacity exceeded 69 GW in 2011, with 70% installed in European countries. The United 
States accounted for only 6% of capacity additions (nearly 1.9 GW) and 6% of total installed 
capacity (4.5 GW). Nevertheless, utilities and non-residential PV installations are growing 
steadily and in 2011 they accounted for more than half of the new PV capacity installed. The 
United States aims to raise new capacity installed every year to 2.8 GW in 2012, to more than 
5 GW in 2014 and to 8 GW in 2016, reaching 15% of the global PV new installations. By 
contrast, in Japan, over 1.4 GW were installed in 2011, which corresponds to a 45% 
growth [1]. 
The 2011 boom is continuing the strong development which occurred over the last ten years. 
This expansion has two main drivers: falling PV module prices and strong support policies. 
PV continues to prove its ability to compete in the energy sector as mainstream power 
generation source. 
 
Figure 1.1 Power generation capacities added in  Europe in 2011 (MW) (source: EPIA, 
EWEA) 
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What is the trend for 2012 and beyond? 
Preliminary data for 2012 promise a strong development of capacity in new markets with 
sustained incentive policies. The US announced an increase of solar PV installations by 85% 
for the first quarter of 2012 compared to the first quarter of 2011 and plans for PV 
installations to exceed 3,200 MW in 2012: i.e. 75% greater than last year’s total. China for its 
part expects capacity additions of about 4-5 GW in 2012. The market will be slower in 
Europe due to additional cuts in solar subsidies. Italy is expecting a further 1500 MW-2500 
MW in 2012 alone compared to 9 GW in 2009.  
Looking at a longer-term perspective, the European Photovoltaic Industry Association 
(EPIA) expects the globally installed PV capacity to reach 150 GW by 2015 (up to 200 GW 
in the policy-driven scenario). According to EPIA, the growth in world installed capacity will 
still be triggered by the European market (50 to 85 GW by 2015) but its share in the global 
capacity will decrease from around 75% to less than 60%; the share of North America is 
expected to rise from 7% to 17% between 2011 and 2015 and that of China from 4% to 8-
10%. The effective capacity could be further developed if the 2010-2011 trends continue [1]. 
With the energy demand continually increasing, along with the need for new and clean 
energy sources, solar energy will definitely be an important part of the future energy mix. 
The challenge may seem daunting and solar energy remains rather controversial in the public 
debate about energy policy. Nevertheless, the fact that the global market for PV has 
continued to grow even in times of economic crisis shows there is a demand that can 
withstand a difficult period. With proper policy support, balanced market development, and 
continued industry innovation, the world’s most promising source of electricity can continue 
its remarkable growth rate over the short-, medium- and long-term, and even beyond . 
 
Figure 1.2 PV growth scenario until 2020 (source: EPIA) 
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1.2 Third generation photovoltaic solar cells 
The single junction Si devices known as first generation PV cells have dominated the solar 
cell market with the limit of energy conversion efficiency between 31 and 41%, depending on 
the concentration of incoming sunlight. The second generation, which occupies a much 
smaller segment of the PV market, shares the same efficiency limit as the first generation 
solar cells, but promises a lower cost, thanks to reduced raw material usage and high 
throughput of manufacturing. Second generation PVs are based on amorphous Si, CdTe, 
CuIn (Ga)Se (CIGS) or polycrystalline Si thin films [2].  
 
Figure 1.3 Efficiency and cost projections for first, second and third generation PV 
technology (wafers, thin-films, and advanced thin-films, respectively) [3]. 
The third generation PV cells are attempts to combine the advantages of both the first and the 
second devices. The idea behind the devices, is to circumvent the Shockley-Queisser limit for 
single-band gap devices, by multiple energy threshold approaches using thin-film processes 
and  readily available nontoxic materials [2,3,4]. Such an approach can be realized by several 
designs: tandem cells, hot-carrier cells, multiple quantum well solar cells and, more recently, 
PV cells based on excitations between semiconductor energy bands - apart from the 
conventionally used valence and conduction bands. Among many strategies to design the cell 
structures, semiconductor quantum dots (QDs), also known as nanocrystals (NCs), have been 
applied to several of these approaches because of the extra degrees of freedom they give in 
the design of materials systems. Si QDs are particularly interesting because of the Si 
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availability and the wealth of experience in the processing of the material, as well as the 
relatively cheap and low-energy consumption of many of the thin-film manufacturing 
processes. The use of Si QDs can facilitate engineering of the material band gap and allow 
cheaper tandem cells to be made using thin-film processes. 
1.3 Applications of semiconductor QDs in photovoltaic solar cells 
The semiconductor QDs typically have diameters from about 2 to 10 nm and contain only 
hundreds to thousands of atoms. In this confined regime, there are several effects playing an 
important role such as quantum confinement, band folding and surface effects [5]. 
Semiconductor QDs used in the third generation PV cells have the potential to increase 
dramatically the efficiency of converting sunlight to electricity. The conversion process 
works via a Multiple Exciton Generation (MEG) process, in which when a single photon of 
light, of sufficient energy is absorbed by the QD, it produces more than one bound electron-
hole pair, or exciton (Fig. 1.4). In contrast, conventional PV cells have bulk material 
properties, where a single photon produces a single electron-hole pair. MEG represents a 
promising route to increasing solar conversion efficiencies in PV cells. While MEG has been 
previously reported in direct-gap semiconductor NCs of PbSe, PbS, PbTe, CdSe, and InAs, 
Beard et al. have recently found that the threshold photon energy for MEG in 9.5 nm 
diameter Si NCs (effective band gap Eg = 1.2 eV) is 2.4Eg [6], compared to 3.5Eg in bulk Si. 
Because there are very few solar photons above 3.5 Eg, this lower threshold energy in Si NCs 
is a useful approach for enhancing PV efficiencies. This finding is of particular importance 
because Si dominates the PV solar cell industry, presents no problems regarding abundance 
and accessibility within the Earth’s crust, and poses no significant environmental problems 
regarding toxicity. More importantly, highly efficient MEG in Si NCs at lower photon 
energies in the visible region (compared to bulk Si) has the potential to increase power 
conversion efficiency in Si-based PV cells toward a thermodynamic limit of ~ 44% at 
standard air mass coefficient  AM1.5 solar intensity [6].  
QDs exhibit other interesting trends in addition to MEG, e.g. varying the size of QDs can 
tune them to different wavelengths of light to optimize their performance. In essence, QDs 
can be tailored to absorb or emit specific wavelengths of light simply by changing the size of 
the dot [5]. Compared with bulk materials, which have larger crystals and more atoms than 
nanomaterials, the light spectra emitted or absorbed by QDs will shift to the blue, which 
Chapter 1 
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represents greater energy or shorter wavelength. Thus the smaller the dot, the greater the 
energy shift. 
 
Figure 1.4 Multiple exciton generation in QDs: a high-energy photon is absorbed at a high 
confined energy level in the QD that then decays into two or more electron–hole pairs at the 
first confined energy level. Energy is conserved but momentum conservation in QDs is 
relaxed [7].
Taking advantage of both these effects – MEG and energy tuning due to size of the NCs – 
QDs can be incorporated into third generation solar cells. As pioneered by Green, a tandem 
cell design using only Si as a basic material, so-called all Si tandem solar cells, has been 
demonstrated to be a very attractive option [3]. A typical structure of such tandem cells 
involves a superlattice of thin film cells with different effective band gaps stacked together 
(Fig. 1.5). These effective band gaps can be controlled by changing the size of the Si QDs 
embedded in a higher band gap material, such as silicon oxide or nitride. By design, the upper 
cells should have a higher gap energy, which attenuates gradually from the top to the bottom 
cell in order to maximize the sun light absorption. Si has a band gap which is close to optimal 
not only for a standard, single p-n junction cell but also for the bottom cell in a 2-cell or even 
a 3-cell tandem stack. The radiative efficiency limit for a single junction silicon cell is 29%, 
which increases to 42.5% and 47.5% for 2-cell and 3-cell tandem stacks respectively. The 
optimal band gap of the top cell is 1.7 eV ~1.8 eV,  for a 2-cell tandem with a Si bottom cell 
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and 1.5 eV and 2.0 eV for the middle and upper cells for a 3-cell tandem as shown in Fig. 1.5. 
This means that Si QDs can potentially be used in QD solar cells to produce much higher 
efficiencies and lower cost PV using a readily available and environmentally friendly 
material. Theoretical and experimental work will open the door to the potential application of 
QDs to greatly enhance the conversion efficiency of solar cells based on Si and other 
semiconductor materials. This is a key step toward making solar electricity and fuels more 
efficient and cost competitive with conventional power sources. 
 
Figure 1.5 Schematic of “all-silicon” tandem solar cell [8]. 
1.4 Theoretical model of quantum confinement in nanocrystals 
In nanocrystalline structures, confinement occurs in all three dimensions, resulting in the blue 
shift of the characteristic transition energies such as interband, intraband, excitonic, 
plasmonic and phonon optical transitions. As the radius R of the NC becomes very small, the 
energy levels of carriers change from continuous bands to a ladder of discrete levels (Fig. 
1.6). There is an enhanced volume-normalized oscillator strength of exciton features as R is 
reduced. This enhancement arises because the oscillator strength becomes concentrated over 
sharp electron – hole transitions, rather than being distributed over a continuum of states, as 
for the case of bulk semiconductors. Most theoretical treatments assume spherical shapes for 
the crystallite, a rather reasonable approximation in most cases.  
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There have been many theoretical approaches to calculate the energy levels of semiconductor 
NCs, among which the first and simplest method used the effective mass approximation 
(EMA) model [9, 10], which assumes parabolic bands and infinite potential wells at the 
surface of a spherical NC and considers three cases involving the average crystallite radius R 
and the exciton Bohr radius aB of the bulk semiconductor. The main energy terms are the 
electron-hole interaction energy (Coulomb term) and the confinement energy of the electron 
and hole (kinetic energy term). This method is only of partial used in determining the 
absolute confined energy levels for small NCs. It does, however, correctly model the trend 
and relative increase in confined energy level as QD size decreases [9]. The three EMA 
regimes are: 
(a) Weak confinement (R  aB when R  ae, ah , where ae and ah are the electron and hole 
Bohr radius, respectively): the character of the exciton as a quasi-particle is preserved, and it 
is the translational degrees of freedom of the exciton that are modified because of the size 
quantization of the excitons. The dominant energy is the Coulomb term and the result of this 
is a small increase in the exciton energy, and the features in the optical spectra move slightly 
to the blue. The lowest-energy state is then the exciton state whose energy is shifted to higher 
energies by confinement, the shift in energy being proportional to 1/R2. The shift ¨E in 
energy of the ground-state exciton is given by [9, 10]: 
          (1) 
where M, the mass of the exciton, is given by M = me* + mh*, where me* and mh* is the 
effective masses of the electron and hole respectively. 
(b) Medium confinement (ah  R  ae): this is the usual situation for very small 
nanocrystallites, because of the large difference between the effective mass between the 
electron and the much ‘heavier’ hole. In this case, confinement is assumed to be important 
for the motion of the electrons, but Coulomb forces between electrons and holes will 
influence the motion of the holes. The holes essentially move in a cloud of strongly confined 
electrons, which produce a mean Coulomb potential. The blue shift in the position of the 
maximum of the optical absorption coefficient will as a consequence vary roughly as [9, 10]: 
          (2) 
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(c)  Strong confinement (R  ae, ah): the Coulomb term is small and can be ignored, or 
treated as a perturbation. The electrons and holes can be thought of as confined independent 
particles; excitons are not formed, and separate size quantization of the electron and hole is 
the dominant factor. The optical spectra should then consist of a series of lines due to 
transitions between sub-bands. Again, it has been shown that there is qualitative agreement 
with experiment, and the simple model gives the shift in energy as a function of crystallite 
size as [9, 10]:  
(3) 
where μ is the reduced exciton mass given by  
         (4) 
 
 
Figure 1.6 Schematic energy level diagram for the bulk semiconductor and for quantum dots 
[9]. 
Comparing with experimental results, it is found that the EMA overestimates the energy shift 
for small QDs [9]. This breakdown is not surprising as the Bloch assumption in the EMA of a 
carrier wave function varying only very gradually across the periodic potential of the lattice is 
no longer valid when the wave function is associated with a small spatial volume approaching 
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the size of the lattice spacing, as in a small QD [7]. It should be possible to calibrate a 
modified effective mass using Gaussian modeling, in order to modify the EMA. This 
parameter will vary with the QD size and with the species at the interface, as for small QDs 
the lowest energy states dominate the confined energy levels. 
One of the problems met on the experimental side due to preparation techniques is the 
distribution of NC sizes in the samples [11]. Therefore, experimental approaches have to 
address this factor. In order to apply the theoretical model to experimental results, there are a 
few things that need to be taken into account. First, for the systems of the semiconductor NCs 
embedded in dielectric matrix, the NC size should be compared to the calculated bulk exciton 
Bohr radius corresponding to that material [9]. Second, semiconductors which have open-
type structure such as tetrahedral in the case of Si and Ge, appear to divide into two 
categories. For the NCs containing less than 50 atoms, their structure can transform from 
tetrahedral to fcc structure [12, 13]. For the larger NCs a change to the open covalent 
diamond type structure may take place [13]. Third, for the very small NCs the proportion of 
surface atoms relative to the bulk will be high, and that might be a surface reconstruction, 
which cause deviation from the theoretical predictions [14, 15].    
1.5 Si and Ge nanostructures 
Initial attempts of forming NCs in dielectric matrices have largely focused on direct band gap 
semiconductor materials, such as group II-VI. In contrast to direct band gap materials, group 
IV of Si and Ge have an indirect gap, hence they are not an efficient emitter of light under 
optical or electrical excitation. They normally emit only weak near-infrared light and no 
visible luminescence. However, since the early of 1990s, Si and Ge NCs have attracted much 
interest due to strong visible photoluminescence at room temperature [16, 17]. Additional 
electrical studies of these systems have revealed several interesting properties. For instance, 
Si NCs can be used in Si photonics with on-chip incorporation of optical functions within 
existing microelectronics CMOS technology [18]. These systems have also shown nonlinear 
optical effects, potentially paving the way for nonlinear photonics with a wide range of 
applications such as sensing, high rate signal processing and broad band optical modulation 
[19]. In addition, Si oxide and nitride films are an integral part of existing solar cell 
technology and embedded Ge and Si NCs offer a route to creating stacked variable band gap 
structures [20]. 
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1.5.1 Band structure modification in Si and Ge nanocrystals 
At room temperature bulk Si has an indirect energy gap Eg = 1.14 eV (ī’25 – ¨) and a direct 
gap Eo = 2 eV (ī’25 – ī’15) [21]. In comparison with Si, Ge has a larger dielectric constant 
and smaller effective masses for electrons and holes. The energy difference between the 
indirect gap (ī’25 – L1 = Eg = 0.66 eV at 300 K) and the direct gap (ī’25 – ī’2 = Eo = 0.8 eV) is 
¨E =0.12 eV, which is smaller than that of Si [21, 22] (Fig. 1.7). In addition, the effective 
Bohr radius of Ge is about 24 nm, which is much larger than that of Si (~ 5 nm). These 
electronic conditions lead to the expectation that it is much easier to change the electronic 
structure around the band gap of Ge and the possibility to engineer the band structure of Ge 
into a direct band gap is thus greater. One of the most effective means to convert an indirect 
optical transition into a direct optical transition is to form a nanostructure, such as an isolated 
quantum dot, by which the size of the Brillouin zone is reduced and the conduction-band 
bottom is folded onto the ī point, resulting in a direct-gap material. If the envelope functions 
of carriers confined in a nanostructure have a sizable Fourier component at the wave vector 
corresponding to the indirect-gap transition, that Fourier component plays the same role as 
phonons in the bulk material and the direct optical transition becomes allowed [23]. 
However, one should keep in mind that very small NCs can have different geometries from 
the bulk structure because of surface reconstruction and structural changes, and this could 
result in more compact geometries and the breakdown of all theoretical model predictions.  
Although the band gap of bulk Ge ~0.66 eV is smaller than that of bulk Si ~1.17 eV, it is 
predicted that small Ge QDs would have a larger band gap than Si dots of the same size. This 
predicted crossing of the optical gap, existing at a size of ~3.1 nm [24], raises the promise of 
easier access to blue light emission using Ge instead of Si dots (Fig. 1.8). However, there is 
still an ongoing and vibrant discussion about quantum confinement (QC) in Ge NCs [25]. The 
empirical tight binding calculation predicts stronger QC effects in Ge compared to Si [26]. In 
contrast to these calculations, another theoretical approach utilizing the empirical 
pseudopotential method predicts that the band gaps of Ge and Si should be similar upon size 
reduction [27]. The predicted similarities in the electronic structure of Si and Ge are 
explained with size-dependent structural changes in the conduction band of Ge: the 
conduction band minimum is found to move from the L point to the X point for reduced 
particle sizes and thus the Ge conduction band minimum becomes Si-like for small sizes. 
Therefore, from the experimental point of view, it is of interest to study and compare the 
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electronic structures and quantum behaviors of Ge and Si NCs in the same experimental 
conditions in order to confirm or rule out these points. This is discussed in detail in Paper III. 
  
 
Figure 1.7 Energy band structure of Si and Ge (spin-orbit splitting neglected) 
calculated by the first-principles method [21]. 
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Figure 1.8 The calculated exciton energy in quantum dots (using the EMA method) is plotted 
as a function of the dot radius for Si (solid line) and Ge (dashed line). The right ordinate 
indicates the confinement energy ¨E measured from the indirect band-gap energy of the bulk 
material [23].
1.5.2 Impact of the dielectric matrix 
In order to tailor the band gap of semiconductor QDs, it requires an ensemble of QDs isolated 
from each other by a close enough distance to allow for the overlap of their electron wave 
functions. The wave function of an electron confined to a spherical dot penetrates into the 
surrounding material, decreasing exponentially into the barrier. The slope of this exponential 
decay and hence the barrier to tunneling between QDs is reduced for a lower barrier height 
material [7]. With appreciable overlap of electron wave functions of adjacent potential wells, 
energy minibands may form, thus creating a superlattice. For Si and Ge QDs, this can be 
achieved by embedding the QDs in a higher band gap material such as Si oxide or nitride. 
The schematic of the bulk band alignments for Si with Si3N4 and SiO2 matrix is shown in Fig. 
1.9. The choice of barrier material should be a compromise between degree of confinement 
and ability for carrier transport. This is because a higher potential barrier results in enhanced 
confinement but it also reduces the penetration of the electron wave function into the barrier, 
thus lowering the transmission or tunneling probability [7]. A higher potential barrier would 
reduce the overlap of wave functions from adjacent potential wells and inhibit the formation 
of minibands. Since Si3N4 offers a lower barrier than SiO2 it allows larger dot spacing for a 
given tunneling current. Hence, transport between dots can be significantly increased by 
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using alternative matrices with a lower barrier height, and hence increasing spacing between 
QDs to give the same effective transport [7].  
 
Figure 1.9 Bulk band alignments between crystalline Si and its nitride and oxide [7]. 
 
In addition, it has been reported by Conibeer [7] that compared to high polar Si-O bonds in 
SiO2 matrix, the nonpolar Si-N bonds in Si3N4 matrix will not dramatically affect the QC 
energies. Therefore, the observed QC trend in the case of silicon nitride is well described by 
the EMA. Figure 1.10 show the photoluminescence (PL) results for Si QDs from different 
works [28,29-34] and the present work. For the same matrix systems the results are in good 
agreement, but are quite different for different matrix systems. The EMA predicts well the PL 
energy for Si QDs in SiNx, but in turn overestimates the PL energy for Si QDs in Si dioxide, 
particularly for the smaller QDs. As shown by the calculations of König et al. [35], with 
increasing polarity of the Si interface bonds, the highest occupied molecular orbital 
(HOMO)-lowest unoccupied molecular orbital (LUMO)-gaps depend less on QC but more on 
the chemical nature of the interface itself. They estimated that for Si cores consisting of 10 
Si atoms, the interface governs the electronic structure with QC competing for covalent and 
weak polar interface terminations, but being only a secondary effect for strong polar interface 
terminations. This explains why interface effects are more dominant for the QDs embedded 
in SiO2 compared to the Si3N4 based systems.  
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Figure 1.10 Measured photoluminescence energies for various authors data [28,29-34] and 
the present work for Si QDs in SiO2 and SiNx (300 K) as a function of QD size. Also shown is 
the EMA calculation for spherical dots [7]. 
1.5.3 Luminescence properties of Si and Ge nanocrystals 
Much attention has been paid to the visible photoluminescence (PL) from Si and Ge QDs. QC 
theory leads to an expectation that this visible PL is made possible by band gap widening due 
to quantized levels and significant modulation of the usual electronic band structure in the 
band gaps, such as the change from an indirect gap to a direct gap, so that radiative efficiency 
may be enhanced at room temperature [5]. However, there is still an ongoing debate 
regarding the interpretations of optical spectra of the QDs embedded in a dielectric matrix, 
since the interpretations were often naïve and oversimplified. In fact, it has been difficult to 
identify the exact mechanism responsible for the PL response of these systems. Three 
mechanisms are thought to yield luminescence in this system under optical excitation: 
i) radiative electron–hole recombination in the NCs arising from QC effects [36], ii) radiative 
recombination at defect centers in the matrix network [37] and iii) radiative recombination at 
localized bonding states at the NCs/matrix interfaces, which may vary upon different 
preparation techniques [38]. Not only can all three of these distinct mechanisms be involved 
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at the same time in the PL process, non-radiative recombination processes and excitation 
energy transfer between different centers may also play a part. 
1.5.3.1 Intrinsic emissions  
Regarding the intrinsic luminescence properties of the NCs, Kim et al. [29] reported for a 
series of Si NCs embedded in Si nitride matrix films that when the Si crystal size was 
decreased from 6.1 to 2.6 nm, the PL peak energy blue shifted from 1.46 eV to 3.02 eV due 
to QC effects. The energy gap (E) of Si NCs can in the EMA be expressed as E = Ebulk+C/d2 
where d is the diameter of the Si NCs [16, 28, 29]. According to Kim et al. [29] 
E (eV) = 1.16 + 11.8/d2. Maeda et al. [39] have fabricated Ge NCs embedded in SiO2 glassy 
matrices by the radio frequency (RF) magnetron co-sputtering technique. They reported a 
strong room temperature luminescence with a peak at 2.18 eV for the Ge NCs of about 3 nm 
and concluded that it is consistent with QC of electrons and holes. In another later work of 
Maeda [22], Ge NCs in the size range of 2-6 nm were made. A blue shift of PL energy from 
2-2.3 eV with decreasing NC size was observed, which was attributed to QC effects in Ge 
NCs. Hayashi et al. [40] reported a very clear blueshift of the optical absorption edge for Ge 
NCs embedded in SiO2 matrix as the average crystallite size decreased, which seems to be 
due to a quantum size effect. However, such a clear size dependence of the PL peak energy 
has not been observed yet. Its absence has been considered to be due to a very broad 
spectrum coming from size inhomogeneity or the inherent electronic band structure in Ge or 
due to a large difference between the absorption and radiation procedures [40]. In the present 
work, it was found that Si NCs with a mean size of 4–5 nm give rise to the PL peak energy at 
~ 1.76–1.79 eV (Paper II), which is in agreement with the result reported by Kim et al. [29].  
1.5.3.2 Defect emissions 
Radiative emission can also come from localized defect states lying inside the band gap [41]. 
Depending on the type of defect or impurity, the state can act as a donor (has excess 
electrons) or an acceptor (has a deficit of electrons). Electrons or holes are attracted to these 
sites of deficient or excess local charge due to Coulombic attraction. These defect states can 
be categorized into either shallow or deep levels, where shallow level defect states have 
energies near the conduction band or valence band-edge. Defect states are expected at the 
surface of a QD despite the use of various passivation methods, because of the large surface-
to-volume ratio [26, 41, 42]. The concentration of surface states on the QDs is a function of 
the synthesis and passivation processes. These surface states act as traps for charge carriers 
and excitons, which generally degrade the optical and electrical properties by increasing the 
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rate of nonradiative recombination [43]. In addition to surface states, recent experiments and 
calculations indicate that amorphous silicon nitride and oxide matrix is photoluminescent on 
its own, i.e., even when the NCs are not present in the sample [38, 44]. The PL energy varies 
according to the concentration of the matrix compounds, i.e. the Si:O or Si:N ratios [38, 45]. 
This effect increases the complexity of determining the origins of emission of QDs in 
luminescent matrix composite materials.  
1.5.3.3 Extrinsic emissions 
Luminescence might also arise from unintentionally incorporated impurities, which is called 
extrinsic luminescence. The predominant radiative mechanism in extrinsic luminescence is 
electron-hole recombination, which can occur via transitions from conduction band to 
acceptor state, donor state to valance band or donor state to acceptor state.  Especially in the 
case of amorphous silicon nitride thin films, where the inherent porous structure of the film is 
very likely to incorporate O into its network, a noticeable amount of Si-O bonds were 
reported by Liao et al. [46]. These Si-O bonds will create a gap state of Si–O above the 
valence band maximum of Si3N4 and will lead to the ŁSi0ĺŁSi–O–Si transition. Huang et al. 
[47] reported that the blue emission peak at around 2.5 eV in amorphous Si nitride films that 
have been partially oxidized, originates from localized states related to Si–O bonds. Its 
intensity was shown to be strongly dependent on the Si–O bonds concentration. Furthermore, 
Liu et al. [48] reported that due to the presence of O in silicon-rich silicon nitride (SRN) 
films, Si–O bonds give rise to the 2.55 eV emission. In the present work, the contribution 
from the emission band related to the gap state of Si–O bonds was found at ~2.54-2.69 eV 
and it increased with the O content in the SRN films. This is discussed in detail in Paper II. 
In short, the radiative emissions of QDs embedded in dielectric matrices originate from rather 
complicated and overlapping processes. In order to understand completely the role of various 
radiative centers contributing to the luminescence, the knowledge of sample preparation, 
chemical composition and theoretical models is demanded. In addition, complimentary 
techniques must be applied simultaneously in order to experimentally verify a clear 
correlation between structural and optical properties. 
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Chapter 2  
The synthesis and formation of Si and Ge 
nanocrystals embedded in dielectric matrices 
The properties of Si and Ge NCs can be controlled by their size, shape, density, surface 
termination, and so on. In the present work, the size, density and structure of Si and Ge NCs 
embedded in SiO2 and Si3N4 thin films have been controlled during sputtering and thermal 
annealing processes. In addition to inherent properties of the materials, unintentional 
incorporation of contamination such as O and metallic elements has introduced undesirable 
properties and structural modification into the films. These changes can lead to dramatic 
differences in their physical, optical and electrical properties. Great efforts have been spent to 
investigate the intrinsic and extrinsic structures and properties of the films by using a 
combination of different techniques. The present study is not only focused on the quantum 
size effects in the NCs, but also on the atomic, electronic structures and optical properties of 
the matrix surrounding the NCs. In this chapter, the fabrication of Si and Ge NCs embedded 
in nitride and oxide matrices will be described in detail. The experimental challenges and 
results will also be discussed. 
2.1 Si NCs in silicon nitride thin films 
Si NCs can be formed by precipitation from a Si excess solid solution of dielectric materials 
(oxide, nitride, carbide), which is commonly deposited in thin film process such as sputtering, 
plasma-enhanced chemical vapour deposition (PECVD) and reactive evaporation [8, 36, 49-
52]. A substrate heating and/or a post-annealing process are needed for the formation of the 
NCs [53]. Once the NCs are formed, in addition to QC effects therein, the matrix also plays 
an important role on the resultant energy states. With increasing polarity of the bonds 
between the NCs and the matrix, there is an increasing dominance of the interface strain over 
QC. SiO2 matrix has a stronger polarity in this respect compared to SiNx [7, 35]. Therefore, 
SiNx matrix can be a better option because the relatively non-polar Si-N bonds do not 
dramatically affect the QC. Moreover, transport properties between the NCs are expected to 
depend on the matrix in which the NCs are embedded. Different matrices produce different 
transport barriers between the Si NCs and the matrix, with tunneling probability heavily 
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dependent on the height of this barrier. Si3N4 gives lower barrier than SiO2 allowing larger 
NC spacing for a given tunneling current, which is another important effect for the practical 
application of PV solar cells. 
2.1.1 Si NCs grown by radio frequency (RF) magnetron sputtering  
The Si-rich silicon nitride (SRN) thin films in the present work have been grown by the RF 
magnetron co-sputtering technique in a Minilab Deposition System type ST60A. A 
stoichiometric compound Si3N4 target and a pure Si target were placed in two different 
magnetron sources (cathode), which are both connected to rf voltage. Prior to sputtering, the 
chamber was evacuated to 5×10í7 mbar. In situ Ar pre-sputtering of the targets was 
performed in order to remove any silicon oxide on the target surfaces. The flow rate of Ar 
was maintained at a constant rate of 40 standard cubic centimeters per minute and the 
pressure in the chamber was kept at 6×10í3 mbar during the film deposition. The glow 
discharge was maintained under the application of rf voltage between the cathode and the 
anode (substrate). The Ar+ ions generated in the glow discharge were accelerated at the 
cathode fall (target sheath) and bombarded the targets with high energy. The atoms on the 
target surfaces were sputtered and deposited on the substrate. In this magnetron sputtering 
system, a magnetic field is superposed on the cathode and glow discharge, which is parallel 
to the cathode surface. It acts as an electron trap to increase the plasma density, which leads 
to increase in the current density at the cathode target and effectively increases the sputtering 
rate. This enabled us to maintain the sputtering process at low pressure and doing so the 
sputtered particles traverse the discharge space without collisions, which resulted in a high 
deposition rate. By co-sputtering and deposition from Si and Si3N4 targets, the excess Si 
content in the SRN films was achieved without any intentional substrate heating. Various Si 
excess compositions were obtained by simply changing the rf power supplies to each targets, 
ranging from 50 to 100 W for both targets.  
Si NCs can precipitate and crystallize in a single layer of Si rich silicon nitride (SRN) only if 
either the annealing temperature is high enough ( 900o C) or the Si excess is high enough. 
Ideally, in such conditions a complete phase separation can occur: SRNĺ Si + Si3N4. This 
assumption appears to be oversimplified, since practically the excess Si can precipitate 
partially, resulting in a matrix of non-stochiometric silicon nitride and/or coexistence of sub-
nitride. The uncontrollable matrix composition can potentially affect the carrier transport 
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properties since different matrices produce different transport barriers between the NCs and 
the matrix.  
For Si NCs growth thermally in a sputtered SRN film layer, the size, density, morphology 
and crystal quality of Si NCs can be controlled by varying the composition of the nitride layer 
during the depositions and the post-thermal-annealing conditions (atmosphere, temperature, 
time, heating rates). Within the framework of this thesis, the properties of Si NCs and their 
counterpart nitride matrices have been modified by altering the sputtered SRN film 
compositions as well as annealing temperatures and times. Thin films composed of a 
nominally stoichiometric Si nitride (Si3N4) buffer layer (~20 nm) followed by an SRN layer 
(~40 nm) were deposited on (100)-oriented single-crystal Si substrates by RF magnetron 
sputtering in an Ar atmosphere (Fig. 2.1). The Si substrates were cleaned using a standard 
RCA (Radio Corporation of America) cleaning process followed by a dip in a 10% HF 
solution to remove the native oxide, then put into the deposition chamber. With the purpose 
of forming Si NCs and induce phase separation in the nitride matrix, the samples were 
subsequently annealed in a sealed SiO2 glass tube evacuated to a vacuum of better than 
1×10í2 mbar. For a fixed composition of the SRN layers, the annealing temperatures and 
times were varied depending on the specific desired NC structures, ranging from 900 to 
1100°C for 30 min to 2 h. For a fix annealing condition of 1100°C for 2 h, different Si excess 
in the SRN layers were achieved by adjusting the sputtering rates for the Si and Si3N4 targets 
individually. Transmission electron microscope (TEM) analysis shows that the mean size and 
size distribution of Si NCs increase with increasing the annealing temperature for the same 
annealing time, and with increasing the annealing time for a fixed annealing temperature. 
High temperature annealing for a short time favors the formation of NCs with small size and 
defect-free. Long annealing time leads to larger NCs size and annealing at low temperature 
results in NCs with small size but with defects. 
Low- and core-loss Electron Energy Loss Spectroscopy (EELS) in the electron microscope 
(for more details see Chapter 3, 3.2.3 and 3.2.4) were used to probe the local chemistry of the 
silicon nitride matrix as well as electronic structure of the formed NCs. The energy position 
of the plasmon excitation peak found in the low-loss part of the EELS spectrum is directly 
related to the valence electron density (see 3.2.3).  Any change in this quantity, for example 
due to chemical or structural changes in the material, can in principle be detected as a shift in 
the plasmon peak positions [54]. In this work, the plasmon peaks of the matrix surrounding 
the Si NCs, in the different samples mostly have energies in the range of 20 - 24 eV. This 
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indicates that the matrix is nonstoichiometric silicon nitride SiNx (x < 4/3). It has been 
observed earlier by Gritsenko et al. [55] that for SRN, the plasmon energy decreases from 24 
to 17 eV depending on the Si excess in SiNx. The decrease of plasmon energy in SiNx is 
attributed to the increase of Si-Si bond concentration. This result implies that Si 
agglomeration in the SiNx films is not complete even after annealing at 1000 oC or above for 
a rather long time (30 minutes or more). 
 
Figure 2.1 TEM image of the film structure including Si nitride (Si3N4) buffer layer (~20 nm) 
followed by an SRN layer (~40 nm) were deposited on (100)-oriented single-crystal Si 
substrates 
Common defects formed in Si NCs such as twinning, stacking faults and dislocations are 
crucial to the electrical and optical properties of the materials. Batson has reported Si 2p3/2 
EELS spectra from stacking faults at the substrate interface of a strained Si quantum well, 
which show splitting of the L1 conduction band minimum caused by third-neighbor 
interactions at the fault and the spectra from the 30° partial dislocation show a similar 
splitting as well as in-gap defect electronic states [56]. In the present work, it is shown that 
the presence of lattice distortion, stacking faults, and dislocations inside the Si NCs can cause 
a weakening of quantum size effects and a reduction in the light emission efficiency of the 
films. The results are discussed in detail in Paper I of this dissertation.  
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It has been found by Liao et al. that Si nitride films produced by PECVD are easily oxidized 
by exposure to air after deposition [46]. This high reactivity was attributed to the porous 
structure of the observed films, which were typically fabricated at low substrate temperatures, 
as it likely that moisture from the air penetrates into them. A similar porous structure of as-
sputtered nitride films has been observed by TEM in the present work; the nominal Si3N4 
buffer layers show a higher density of pores than the SRN layers. Upon annealing these 
porous layers become denser, more so in the SRN. This leads to the conclusion that the 
degree of oxidation is proportional to the nitride content: the higher the nitride content, the 
more significant the amount of O found. As a result, different SRN compositions are 
expected to have dissimilar O incorporations in the films, resulting in dramatic change in 
stoichiometry and the film structures and properties. This was observed experimentally by 
XPS, PL and EELS as shown in Paper II and discussed therein. 
2.1.2 Contamination issues during silicon nitride thin film fabrication 
In the initial stages of this work, RF magnetron sputtering in the Minilab Deposition System 
was used to make multilayer thin films of alternating Si and Si3N4 on single crystal Si (001) 
substrates. The substrate was held at 400oC during deposition and annealing was done at 
1000oC for 2 hours in vacuum. Under deposition of the  films, sputtering also occurred from 
the target clamping rings of stainless steel. In this case, HRTEM/EFTEM imaging and XPS 
are very useful tools to detect and locate the contamination elements during the fabrication 
process. It was found that during annealing, chromium rich and iron rich phases crystallized. 
Cr quickly moved to the interface between the substrate and the film, where it crystallized as 
CrSi2, as identified by electron diffraction and energy dispersive x-ray spectroscopy. Iron 
showed no preference of diffusing towards the substrate. The structure of CrSi2 NCs and their 
orientation relation with the Si substrate were analyzed and discussed in detail in Paper IV.   
The formation and evolution of contamination nanoparticles, which are easily misinterpreted 
as Si NCs in the nitride films, were investigated thoroughly and should be taken into account 
when studying the structures of silicon-nitride thin films fabricated by RF magnetron 
sputtering. In order to prevent the contamination in this system, the target clamping ring of 
stainless steel was replaced by Al, since this material tends to form a surface of Al2O3, which 
has the lowest sputtering yield. This modification has been proven to be very efficient in this 
work, as no contamination was found in the films afterwards. 
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2.2 Ge NCs in silicon dioxide thin films 
Intensive studies of Ge NCs embedded in a single layer SiO2 film have been reported by 
many authors, including many methods, such as magnetron sputtering of Ge and SiO2 [57-
62], oxidation of SixGe1íx alloys [63], molecular beam epitaxy [64, 65], Ge ion implantation 
[66], PECVD [67], electron beam irradiation [68], and electron beam evaporation [69]. 
Although the preparation methods are different, all the films fabricated have almost the same 
structure, i.e., Ge NCs randomly dispersed in a single layer SiO2 film. In the co-sputtering 
technique, a target of SiO2 with several pieces of Ge attached was usually applied [57, 59, 
70]. The Ge content in the samples was then controlled by changing the amount of attached 
Ge pieces. In the present work, a slightly different experimental set up was employed: two 
different targets of SiO2 and Ge were used for the co-sputtering process. This method has also 
been applied previously by other authors [62, 71].  
Compared to the growth temperature of Si (1414oC), a lower growth temperature of Ge NCs 
is predicted. Recently, it has been reported by Pinto et al. [72] that Ge NCs can be grown in 
SiO2 at temperatures around 250oC by in situ substrate heating during magnetron sputtering, 
while the typical temperature to form Si NCs is around 1100oC. Despite these advantages, in 
practice, the fabrication and observation of Ge NCs was a more difficult task than of Si, due 
to the tendency to form defects, interfacial mixing, suboxide states, diffusion out of the film 
surface and moreover the NC structure was changed and/or damaged quickly by the electron 
beam irradiation in TEM/STEM experiments [68, 70, 71, 73]. Cosentino et al. [71] studied 
the influence of surfaces states on the photon absorption in films formed of Ge nanoclusters 
embedded in SiO2 by magnetron co-sputtering of SiO2 and Ge, in Ar atmosphere, followed by 
annealing at 600 – 800 °C in N2. The authors found an optical band gap of 1.6 eV, 
independent of the quantum dot size for size in 2 í 10 nm range and the structural phase, 
amorphous or crystalline (diamond) of Ge nanoclusters. They showed how the absorption is 
influenced by surface states. The authors also observed the Ge out-diffusion through the 
surface. Shen et al. [70] obtained Ge NCs (2.1 – 27.2 nm) with diamond structure by co-
sputtering of SiO2 and Ge, followed by an annealing in N2 at different temperatures (300 – 
1100oC). They remarked the out-diffusion of Ge atoms in the samples annealed at 1100oC. 
In the present work, the size, density and structure of Ge NCs were controlled via changing 
Ge concentration using RF magnetron sputtering in the Minilab Deposition System with an 
Ar atmosphere. The films were fabricated by co-sputtering and deposition from SiO2 and Ge 
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targets without any intentional substrate heating. A four-layer structure thin film composed of 
an SiO2 buffer layer followed by two SiGeO middle layers with different Ge contents and a 
capping SiO2 layer was deposited on (100)-oriented single-crystal Si substrate. These layers 
are named as layers 1, 2, 3 and 4 as shown in Fig. 2.2. The different Ge content between 
layers 2 and 3 was achieved by adjusting the sputtering rate for the Ge target, while the 
sputtering rate for the SiO2 target was kept constant. With the purpose of forming Ge NCs in 
the oxide matrix, the sample was subsequently annealed at 600 – 1000°C for 1 h in a sealed 
SiO2 glass tube evacuated to a vacuum of better than 1×10í2 mbar. Figure 2.2 shows the 
structure of the film layers after annealing at 800°C for 1 h. It was found in the present work 
that the critical temperature for Ge NCs to be formed in SiO2 matrix is around 800°C, below 
which uniform amorphous films were observed. A too high temperature leads to the oxidation 
and evaporation of Ge, as well as the formation of voids in the films.  
 
Figure 2.2 TEM image of the film structure including 4 layers, after annealing at 800oC for 
1h. 
The SiO2 matrix is a supersaturated solid solution containing a large amount of excess Ge. 
When the samples were annealed at temperatures from 600 to 800o C, both an increase of Ge 
corresponding to precipitation of Ge NCs in the matrix and a decrease in the amount of GeO2 
occurred simultaneously. The thermodynamically possible reaction describing formation of 
elemental Ge in SiO2 is: GeO2 + Si = Ge + SiO2. Previously, it has been reported that Si 
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atoms in the substrate is the large source for this reaction, as they diffuse from the substrate to 
the alloy film of Si1-xGexO2 and the reaction took place close to the substrate/film interfaces 
[39, 62, 74]. Kolobov et al. [62] prepared films of Ge NCs (5 – 20 nm) embedded in SiO2 
also by co-sputtering of Ge and SiO2, with a subsequent annealing at 800oC in Ar. The films 
contain 25, 40 or 60 mol% of Ge in the SiO2 matrix. The authors found that the size of NCs 
strongly depends on the type of the substrate used, quartz-glass or Si (100). Ge NCs with two 
shapes were observed, one spherical with multiple twinning defects and the other  faceted 
single crystals. They have also evidenced a gradient of Ge NCs concentration with the depth 
of the film. At the film surface, there are no Ge NCs, and at the bottom part, i.e. at the 
interface with the Si substrate, a higher density of Ge NCs was evidenced. The authors 
observed the presence of single faceted NCs in the layer, whereas at the interface with the Si 
substrate, spherical NCs with multiple twinning defects are present. The films deposited on 
quartz substrates have Ge NCs with smaller sizes that form a continuous network.  
Therefore, in the present work, the purpose of using the buffer layers of SiO2 was to prevent 
the formation of Ge NCs close to the substrate, and the NCs grew spontaneously and 
uniformly within the bulk of layer 2 and 3. As expected, the NCs are nearly spherical in 
shape and uniformly distributed throughout the bulk of these layers, as shown in the high 
resolution transmission electron microscopy (HRTEM) imaging (Fig. 2.3). Layer 2 has a 
higher density and bigger grain size of Ge NCs (5 ~ 10 nm) than layer 3 (2 ~ 5nm). In 
addition, the SiO2 capping layer is used to protect Ge from diffusing out of the film surfaces 
during the annealing. It was found in the present work that in the samples without capping 
layers, Ge evaporated completely after annealing at 1000o C for 1 h.  
The annealing atmosphere is crucial to the film structure evolution. Marstein et al. [75] have 
reported the mechanisms of void formation in Ge implanted SiO2 films: Ge first segregates 
into NCs which then increase in size by diffusion and Oswald ripening. Ge is quite mobile in 
SiO2, and O or moisture from the annealing atmosphere diffuse in from the surface, Ge will 
be bonded in an oxide closer to the surface than the precipitate. There is thus a net flux of Ge 
out of the nanoprecipitate into an oxide closer to the surface. The volume occupied by the Ge 
precipitate becomes a void. This is in agreement with the observations in the present work. 
When the samples were annealed at a poorer vacuum condition, voids were formed 
throughout the film structures and a dramatic reduction in Ge concentration was found.  
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Figure 2.3 HRTEM image of Ge NCs embedded in SiO2 matrix in layer 2. 
While the growing mechanism of Ge NCs and its dependence on the Ge content are 
interesting topics that have been studied intensively, the research on quantum behaviors of 
individual NCs by using EELS is still lacking. This might be due to the fact that obtaining 
localized EELS from individual Ge NCs with very small sizes is a difficult task because of 
the radiation damage. It was found in the present work that if irradiated with a large enough 
dose, the NCs in layer 3 (< 5 nm) damage very rapidly and in some cases they appear to have 
'dissolved' after the acquisition of EELS data. To rule out any over-interpretation due to 
sample damage, particular care was taken to exclude all the data points for which there was a 
suspicion of possible damage after beam irradiation. In the present work, experimental low-
loss and core-loss STEM-EELS were used to study a number of phenomena related to QC in 
individual Ge NCs embedded in SiO2 matrix. The observed phenomena include an apparent 
blue-shift in plasmon energies and an enhancement of Ge interband transitions with 
decreasing NC size. In order to facilitate the interpretation of the experimental results, 
theoretical simulations have also been carried out for similar confined nanostructures to 
predict possible behaviors of the excitations in the low-loss EELS and thus provide a clearer 
physical understanding. In addition to the quantum size effects, chemical states and electronic 
properties of the SiO2 matrix as well as effects due to changes in the Ge crystal structure are 
also investigated and discussed. The results are discussed in detail in Paper III.
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Chapter 3 
Characterization methods 
The purpose of this chapter is not to describe the detailed principles of the characterization 
methods, since this information can be found easily in textbooks. Instead, the experimental 
conditions and techniques that have been used for each instrument in the present work will be 
presented.  
3.1 Imaging of nanostructures  
3.1.1 High Resolution Transmission Electron Microscopy (HRTEM) 
While X-ray diffraction and selected-area electron diffraction can provide accurate structural 
information averaged over the excited sample volume, they are incapable of providing 
information on the structure of individual NCs. On the other hand, HRTEM gives important 
information about crystal structure, size distribution and morphology of the individual NCs. 
HRTEM is also a powerful tool for studying the lattice distortion, stress and defects inside the 
NCs as shown in Paper I and other works [76-79]. The high-resolution detail in the 
micrograph arises from coherent interference between the central beam (unscattered plane 
wave) and all diffracted beams (scattered plane waves) by the specimen. The NCs, oriented 
along one of the low-index zone axes, show contrast variations that are perceived as periodic 
lattice fringe images and under certain conditions, they correspond to atom columns and can 
thus yield atomic-resolution images of the NCs. An important parameter to determine the NC 
structure is the inter-planar spacing d of the crystal planes. For a cubic crystal system, d 
spacing corresponding to each hkl Miller indices can be described by the following equation: 
(5) 
 
where a is the lattice constant of the material.  
In the present work, HRTEM is the main tool to investigate the structure of as-deposited thin 
films as well as the formation, structure and morphology of Si and Ge NCs in the films after 
thermal annealing. The HRTEM and energy-filtered transmission electron microscopy 
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(EFTEM) observations were performed at 200 keV primary beam energy with a JEOL 2010F 
microscope equipped with a Gatan Imaging Filter. HRTEM imaging of Si NCs in SiNx 
matrix is a challenge due to very low contrast between the Si NCs and the nitride matrix, and 
the random orientation of the NCs. The contrast of HRTEM images depends severely on the 
sample’s thickness and orientation relative to the beam direction. More importantly, the 
contrast transfer function (CTF) (Fig. 3.1) contains zeros and inversions meaning that some 
spatial frequencies present in the sample are not observed in the images and other spatial 
frequencies are imaged with reversed contrast. Therefore, there is a problem with 
unambiguous interpretation of individual high-resolution images and only under well-defined 
conditions may high-resolution images be naively interpreted in terms of the projected 
potential of the atomic columns aligned along the beam direction. As seen in Fig. 3.1, the 
most likely resolvable lattice fringes in Si and Ge correspond to (111) d spacing, because 
these spacing fall into the first passband of the CTF, where the effect of the envelope function 
is very small. In order to resolve smaller d spacing (e.g. (220) or (311)) the defocus setting 
needs to be changed to maximize the passband for a given frequency.  
 
Figure 3.1 Contrast transfer function at the Scherzer defocus (maximum passband) for 200 
kV HREM, comparing effect of the temporal coherence (energy spread) envelope on 
information transfer beyond the interpretable resolution limit. The Si(111) is in the first 
passband; Si(220) is at a point of zero contrast; Si(311) is in a passband with a positive 
contrast. [80]
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3.1.2 Energy-filtered Transmission Electron Microscopy (EFTEM) 
A potentially more efficient way to image the randomly oriented NCs simultaneously is using 
the energy-filtered imaging in the transmission electron microscope (EFTEM). The purpose 
of the energy filtering is to form images from electrons that have suffered a specific energy 
loss. An energy filter consists of an electron spectrometer with a mechanical slit in the 
energy-dispersive plane that is used for the selection of the energy loss of interest. Behind the 
slit either an energy-filtered image (or diffraction pattern) or an image of the energy-
dispersive plane is formed by additional electron lenses. These lenses can be considered as a 
second projector lens system of the microscope. The images formed by this procedure 
provide information in a convenient form; e.g. a core-loss image can indicate the spatial 
distribution of a particular element.  
 
Figure 3.2 Three-window method used in EFTEM in order to obtain elemental distribution 
maps. Images using energy losses from the hatched areas are used for background 
subtraction. The signal is obtained from the third window above the edge onset. 
EFTEM imaging for Si NCs in this work is typically acquired using plamon energy (low loss 
imaging) for bulk Si at 17 eV with an energy slit width of 2 eV or using the core-loss energy 
of Si-L edge at 99 eV, N-K edge at 401 eV and O-K edge at 532 eV (elemental mapping). 
When using the core-loss energy, a method called three-window method is employed, in 
which three images are sufficient to obtain a distribution map of a certain element: two from 
the pre-edge energy-loss range and one image from the post-edge area (Fig. 3.2). The pre-
edge images are used for extrapolated background subtraction, which is then subtracted from 
the post-edge image to produce an elemental map. The EFTEM elemental mapping is a really 
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useful tool to map the distribution of elements in silicon nitride, oxide or oxy-nitride thin 
films. An example of that is shown in Fig. 3.3. 
 
Figure 3.3 Elemental mapping of silicon nitride thin film (taken at Si-L, N-K and O-K edge), 
showing a uniform distribution of Si, and enrichment of N (dotted frame) as well as depletion 
of O at some area. 
3.1.3 High-angle Annular Dark-field Scanning Transmission Electron Microscopy 
(HAADF-STEM) 
Scanning transmission electron microscopy (STEM) is a technique where a focused electron 
beam is scanned over a sample and images are generated by collecting the forward scattered 
electrons in a series of detectors. STEM is a very powerful technique capable of atomic-
resolution imaging and analysis thanks to the combination of the electronics and mechanical 
stability of TEMs with the high-brightness electron sources. In particular, the Z-contrast high-
angle annular dark-field (HAADF) technique is often used for atomic-scale imaging. Unlike 
HRTEM images, HAADF images are formed by electrons that are elastically scattered at 
high angles (50–150 mrad) which in turn are dependent on the atomic number of the atomic 
columns. It can be shown that there is no coherence relationship between high angle scattered 
electrons because they are mutually independent. Therefore, for incoherent scattering, the 
intensities from individual scatterers (atoms) are added, rather than the wave function 
amplitudes. The phase relationship of scattered beams and their interference, which are 
important considerations for HRTEM imaging, are not relevant for HAADF-STEM imaging. 
Each atom can be considered an independent scatterer because there is no constructive or 
destructive interference between the phases of wave functions emanating from the different 
atoms. The incoherent nature of Z-contrast STEM imaging enables a direct interpretation of 
these images in terms of atom types and positions.  
The Z-contrast STEM images are formed by collecting high-angle elastically scattered 
electrons with an annular dark-field detector. The fact that the probability of such scattering 
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events rises for heavier atoms offers the possibility for obtaining chemical contrast. This 
means that areas or particles containing high Z elements scatter stronger and thus appear 
bright in images. This is in particular a valuable method for determining the size distribution 
of NCs embedded in nitride or oxide matrices. For example in the present work, Ge NCs of a 
few nm can be easily recognized by their bright contrast in SiO2 matrix as shown in Paper III.  
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3.2.1 Electron Energy Loss Spectrometer 
When an electron beam is incident into a specimen, some of the electrons are inelastically 
scattered and lose a part of their energy. Elemental composition and atomic bonding states 
can be determined by analyzing the energy loss with the spectrometer attached in the electron 
microscope. This technique is called electron energy loss spectroscopy (EELS). The basic 
electron spectrometer type is the prism spectrometer. Electrons are deflected by about 90o in 
a perpendicular static magnetic field. According to the Lorentz force, the deflection angle 
depends on the electron velocity. Using quadruple lenses the spectrometer can disperse 
electrons according to their energy loss and project them on a detector (CCD) which can 
record the spectrum obtained as shown in Fig. 3.4. 
 
Figure 3.4 Gatan Enfina EELS spectrometer. The diagram in (a) shows schematically how 
the electrons are dispersed in the magnetic prism and then projected onto the CCD via the 
quadrupoles lenses of the spectrometer. (b) shows a picture of the Gatan Enfina. [81] 
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3.2.2 STEM-EELS experimental setup 
Studying QC effects in semiconductor NCs has been done by using many different optical 
techniques. One of the important factors for the experimentalists to consider when studying 
QC effects is the spread in NC sizes in the experimental samples, which can lead to 
uncertainties in exciton line positions and widths. Due to the limit of spatial resolution, the 
optical techniques do not have enough sensitivity to probe the properties of individual 
particles. The observed results are therefore collectively quantitative informations, which are 
difficult to interpret. On the other hand, progress in electron microscopy has combined 
advantages of both high brightness electron sources, aberration corrected microscopes and 
EELS spectrometers to provide extremely high spatial and energy resolutions. This makes the 
aberration corrected STEM-EELS particularly suited to probing the local electronic structure 
and elemental distribution inside the individual NCs and their surrounding matrices. 
Therefore, in the present work STEM-EELS has been used as a main tool to study a number 
of phenomena related to QC in individual NCs embedded in dielectric matrices. The chemical 
states and electronic properties of the matrix, size and crystal structures of the NCs are also 
investigated and discussed. The STEM-EELS experiments were performed at 60 to 100 keV 
in a Cs-corrected Nion UltraSTEM equipped with a Gatan Enfina spectrometer (Fig. 3.5). 
Dropping the acceleration voltage down to 60 kV has the advantage of minimizing the 
retardation effects that would otherwise mask the fine details in the zero-loss peak (ZLP) tail 
and reducing the radiation damage [82]. The cold field electron emitter of this instrument has 
a native energy spread of 0.3 eV, as determined from the full width at half maximum 
(FWHM) of the ZLP in typical operating conditions. The EELS acquisitions were operated 
with a probe size of ~0.7 – 1.1 Å, depend on the applied voltage. The collection semi-angle 
was 4 mrad for the low-loss data sets and 32 mrad for the core-loss datasets. The probe 
convergence semi-angle was 30 mrad. Both 2D-EELS spectrum imaging and low-dose 
‘SMART EELS’ line-scan techniques [83] were employed. The latter was used in order to 
mitigate the effects of radiation damage and contamination. Postmortem images were 
systematically acquired in order to check for possible specimen drift during the data 
collection and assess specimen beam damage. Under such experimental conditions, plasmon-
loss and core-loss EELS spectra were acquired in order to probe the valence band and 
conduction band information respectively.   
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Figure 3.5 Photo and schematic diagram of the basic components of Cs-corrected 
SuperSTEM Nion UltrastemTM 100. 
3.2.3 Low-loss EELS 
The low-loss region in the EELS spectra, extending from 0 to ~50 eV (Fig. 3.6), is dominated 
by the bulk plasmon excitation, which is a resonant oscillation of the valence electron gas of 
the solid in response to the fast incident electron. The plasmon energy is sensitive to the 
valence electron density; hence, any changes in this quantity, such as chemical modification 
or structural rearrangement, can be detected as a shift in the plasmon energy. This can be a 
very useful method to investigate the stoichiometry of a chemical compound, e.g. SiO2 or 
Si3N4. Particularly, in a microstructure any change in material properties (such as structural 
and electronic changes) as a function of the local valence electron densities can be 
determined using plasmon energy as an indicator. It has been reported that changes in the 
band gap structure of the NCs arising from QC can be observed by shifts to higher energies 
(blue shift) of the volume plasmon energy with decreasing NC size [84, 85]. Furthermore, 
when the size of the NCs decreases, the effects of QC and interfaces are also reflected in the 
changes of plasmon loss energy and features: the volume plasmon energy is predicted to be 
proportional to the inverse square of the NC diameter; the plasmon peaks broaden with 
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decrease in the NC size due to the faster relaxation of the plasmon in the NCs than in the bulk 
materials [84-86].  
 
Fig. 3.6 An example of electron energy-loss spectrum (figure adapted from D.M. 
Kepaptsoglou, Electron Microscopy Course, 2011) 
From a theoretical point of view, Mitome has introduced an analytical approximation for the 
increase of volume plasmon energy as a function of the NCs size through the oscillator 
strength [85]. The plasmon energy is proportional to the square root of the oscillator strength, 
which in turn is proportional to the energy gap of the NCs. This leads to the following 
expression:  
(6) 
 
where !  is the Planck constant, μ is the effective mass of an electron/hole pair in the material 
in the strong confinement regime (1/μ = 1/me + 1/mh , where me and mh are the electron and 
the hole effective masses, respectively). In the medium confinement regime, μ can be 
replaced by me as mentioned in section 1.4. d is the particle diameter, Ep is the plasmon 
energy of the nanoparticle, Eb and Eg are the plasmon energy and the band gap for the bulk, 
respectively. This effective mass model predicts the relationship between the particle size and 
its plasmon energy EP § 1/d2. For the present work, this simple three-dimentional 
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confinement approximation adequately predicts the increase of plasmon energy when the NC 
size reaches a critical value in both the Si and Ge NCs cases. Small deviations from the 
theoretical prediction were found and suggested due to lattice distortion, change in crystal 
structure and dangling bonds at defect centers, or due to the interface effects between the NCs 
and the matrix. This is discussed in detail in Papers I and III.  
 
Fig. 3.7 Visible band gap signal of the stoichiometric SiO2 estimated to be at 9.5 eV from the 
intersection of a straight line originating from the background level with a linear fit to the 
onset of the plasmon spectrum. 
In addition to plasmon oscillations, the low loss region may also exhibit interband transitions, 
which are single electron transitions from the valence band to unoccupied states in the 
conduction band. In an insulator with a wide band gap there should be no interband 
transitions below the band gap energy and thus the band gap is associated with an initial rise 
in intensity in the low loss region. Figure 3.7 shows an example of the visible band gap signal 
of the stoichiometric SiO2 in the present work estimated to be at 9.5 eV (from the intersection 
of a straight line originating from the background level with a linear fit to the onset of the 
low-loss signal spectrum). In the case of semiconductor nanostructures, one would expect the 
interband transitions to move to higher energies due to QC effects. The blue shift of these 
transition energies in Si and Ge NCs has been studied mostly by optical spectroscopies [87-
90], but ambiguous results were obtained because the information they yield is difficult to 
interpret due to several factors contributing to the experimental results: size dispersion of 
NCs, different shapes, density and interface structures of NCs as well as electron, photon and 
phonon transfer between NCs. The local information obtained directly in individual NCs by 
STEM-EELS is somewhat simpler to understand and interpret. In the present work, the blue-
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shift of the E2 transition in Ge NCs, which occurs near the X point of the Brillouin zone, was 
clearly resolvable in the low loss region of EELS spectra. This is discussed in detail in Paper 
III.  
 
Fig. 3.8 (a) HAADF image is marked with the trace of the line scan taken across the Ge NC. 
(b) Deconvolution of the low-loss EELS spectrum acquired from the Ge NC core at the 
position A. 
In order to obtain reliable results from the low loss EELS spectra of the semiconductor NCs 
embedded in an amorphous dielectric matrix, several steps should be carried out. Firstly, the 
absolute energy scale for the whole spectrum should be calibrated by means of zero loss 
peaks. Secondly, an accurate removal of the zero loss peak from the rest of the spectra using 
the power-law function need to be done to reveal the onset of the band gap signal and/or 
interband transition features. Thirdly, the very low-loss region of the EELS spectra where the 
interband transitions locate is complicated to analyze due to the convolution of many factors: 
retardation effects such as Cerenkov losses or losses due to the excitation of guided light 
modes, radiation loss effects, surface/interface plasmons. Therefore, calculations of low-loss 
EELS spectra for similar confined nanostructures have also been carried out to give a better 
physical understanding and interpretation. Last, owing to the delocalized character of the 
plasmon excitation, the sample volume contributing to the low-loss signal is significant. 
Therefore, the broadening of plasmon peaks of the NCs with small sizes is expected to 
contain some contribution from the vicinity of the surrounding matrix. The broad plasmon 
peaks in the low-loss EELS spectra need to be deconvoluted in different components using 
the Voigt functional form fitting method. Based on the observed features in the spectra and 
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the expected characteristic excitations, several component peaks can be used to fit the 
spectra: interband transitions, surface/interface plasmons, volume plasmon from both the NCs 
and the host matrix (Fig. 3.8). By combining the literature data and the experimental results 
in the present work, the NC size dependence of volume plasmon energy and interband 
transition were derived and compared to the theoretical models. Once the low loss data has 
been treated correctly, the results can be directly compared to other optical characterization 
techniques.  
3.2.4 Core-loss EELS 
The core-loss region in the EELS spectra, extending from ~50 to several thousand eV (Fig. 
3.6), corresponds to the excitation of electrons from well-localized orbitals on a single atomic 
site to unoccupied electron energy levels just above the Fermi level of the material. This 
region exhibits ionization edges, of which threshold energy is determined by the binding 
energy of the particular electron subshell within an atom. Therefore, the atomic species can 
be identified from that. More importantly, if the conduction band minimum of the NCs shifts 
to higher energies by ¨ECB due to QC effects in the NCs, the ionization edges in the core-loss 
EELS spectra are also expected to shift by ¨ECB to higher energies, and are slightly 
broadened with respect to the bulk. Batson and Heath have reported the quantum behaviors of 
Si 2p ĺ conduction band in EELS spectra acquired from single H-terminated Si NCs [91]. 
They found that the Si L2,3 edge shape changes abruptly from multiple sets of parabolic bands 
(corresponding to final states at ¨1, L1 and L3) to a single parabolic band and a blue shift of 2 
eV for H-terminated Si NCs smaller than 5 nm. In agreement with this, a shift of 1.5 eV at the 
Si L2,3 edge onset relative to the bulk when the Si NC size drops to 3 nm was found in the 
present work (Paper I), even though the change of edge features was not clearly resolved. 
In the near edge region, the electron energy-loss near-edge structure (ELNES) reflects the 
electronic states in the empty conduction band of the material. These structures are highly 
dependent on the local atomic environment, which may be used to determine the density of 
unoccupied electron states projected onto the particular atom in question. In many cases, for a 
particular elemental ionization edge, the observed ELNES exhibits a structure that is specific 
to the atomic arrangement, i.e. the number of atoms and their geometry, as well as the type of 
atoms within solely the first coordination shell. Hence, they provide a means of qualitatively 
determining nearest neighbor coordination. For example, in the present work it is possible to 
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distinguish different solid structures of Si3N4, SiO2 or Si2ON2 based on their distinct ELNES 
and transition peak energies. This is discussed in detail in Paper II.  
The core loss edges lie on a background composed of the tails of the plasmon excitation plus 
those from ionization edges with lower threshold energies. This large background 
contribution is one of the major concerns since the weak edges become difficult to see and 
analyze, with the signal to noise ratio reducing with increasing specimen thickness. 
Therefore, the subtraction of the continuously decreasing background component from the 
edge signal of each element of interest needs to be done, by using the power law function 
method. 
3.2.5 Thickness considerations 
Thickness of the investigated specimen in TEM is important for several reasons. First, if the 
changes in the band structure are localized around the NCs, then in theory a sample that is 
thinner than those NCs is required. Having tens of nm of film above and below would indeed 
completely mask any signal intrinsic to the cluster itself. Second, the thicker the sample, the 
more likely it is to encounter retardation effects in the low loss region (guided light modes, 
Cerenkov etc...) and those essentially prohibit any quantitative band structure analysis from 
the low loss EELS data. Dropping the microscope voltage mitigates that effect to an extent 
(the lower the voltage, the less prominent the retardation effects are [82]) but the electrons 
penetrate the sample even less, which means a thin specimen is even more crucial.  
According to Erni and Browning [82], in order to perform low-loss EELS experiments with 
minimal retardation losses, the ideal specimen thickness t needs to be in the range of 0.2-
0.5t/Ȝ , where Ȝ is the inelastic mean free path at the given acceleration voltage. For example 
in the case of the Ge-SiO2 system that was observed at 60 kV, the electron mean free path for 
SiO2 is approximately 58 nm. The specimen thicknesses in the most useful areas for this 
experiment were determined to be in the range of ~0.15 to 0.3t/Ȝ by the log-ratio method 
from low-loss EELS spectra [92], which yields roughly 8 to 18 nm.   
At such small thicknesses it is possible to determine accurately the contribution  of the very 
small NCs (Si or Ge) to the observed plasmons in the low-loss EELS spectra, the signal of 
which would otherwise be swamped by the matrix signal (for more details see Paper I and 
III). For example in the case of the 8 nm Ge NC shown in Fig. 3.8, the total specimen 
thickness was determined to be 18 nm, which means that the NC represents 45 % of the total 
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thickness in the beam path. This is in good agreement with the relative area of the plasmon 
component attributed to the Ge NC in the low-loss EELS spectrum in Fig. 3.8 that was 
determined to be ~50%. 
Similar to the low-loss EELS, small specimen thicknesses allows for the detection of the 
core-loss signal originating from the small NCs, while effects like multiple scattering that 
could complicate the EELS data processing and interpretation can be ignored. This is 
especially important in the case of the Si/Si3N4 system, where the features of the Si L2,3 edge 
for the NCs and the silicon nitride matrix overlap. In this case the core-loss signal can be 
simply considered to be a linear combination of the signals originating from the matrix and 
the NC weighed by their respective thicknesses (or mass) in the electron beam path.  Figure 
3.9 shows an MLLS fitting of the Si L2,3 core loss signal from the core of a Si NC of 3 nm in 
diameter, using the signals from the Si single crystal substrate  (bulk Si reference) and the 
matrix adjacent to the NC (silicon nitride reference) as references, and the fitting coefficients 
of the two components. The onset of the Si L2,3 of the bulk Si reference spectrum has been 
shifted in order to  match that of the Si NC, as the latter shows a blue shift attributed to QC 
effects (for more details see Paper I).   
Chapter 3  
42 
 
Fig. 3.9 (a) MLLS fitting (solid line) of the Si L2,3 (background subtracted) edge acquired  at 
a Si NC core (shaded curve). The MLLS fit is a linear combination of bulk Si (short dot line) 
and silicon nitride matrix (dot line). Fitting coefficient of (b) bulk Si and (c) silicon nitride 
matrix component were applied to the MLLS fitting. The arrows point out the position of the 
NC core, where the signal of Si increases and the matrix decreases.
 
3.3 TEM specimen preparation 
As mentioned in the previous paragraph, specimen thickness is a crucial parameter in order to 
observe and quantify the QC effects arising from the embedded NCs. In order to achieve such 
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small and uniform thicknesses, a combination of several different thinning methods was 
applied: 
- Cutting sample to make cross-section stacks: slices of 2 mm width and 4 mm length 
are cut out of the sample using a diamond scriber.Two slices of the sample are glued 
together by using the Gatan two-component epoxy glue so that the film layers face 
each other. Two other slices of a Si wafer with the same size are glued on top of each 
slice of the sample (with Si on top of the layers). The film layers of interest should be 
situated in the middle of the stack, so that they are in the center of the final cross-
section TEM specimen. The glued stack is then heated to 120 oC, the hardening time 
is about 2 minutes. 
- Mechanical grinding: The cross-section stack is then coarsely thinned by mechanical 
grinding using SiC abrasive papers, followed by mechanical fine grinding and 
polishing to flatten the surface of the stack to be shiny and scratch-free using the 
MultiPrep™ System. In order to reduce artifacts from ion beam damage, the specimen 
thickness is preferred to be mechanically thinned down to ~10 μm, followed by quick 
ion beam polishing for 15 – 30 minutes. At the final stage, the specimen is mounted 
on the support grid. 
- Ion beam polishing: In the Gatan PIPS 691 Precision Ion Polishing System, the 
polished surfaces of a thin sample are bombarded with argon ions of energies of 
between 2 and 5 kV at various glancing angles. The ideal ion-milled TEM sample 
would contain large, thin areas in selected regions, minimal top and bottom surface 
amorphization, and minimal preferential etching of adjacent materials. Minimizing 
the incident angle of the ion beam to the surface of the sample has been found to be 
one of the most effective techniques for fulfilling these requirements. The best result 
is obtained with a low ion-incident angle such as 5-7 degree. Operation at low angles 
increased the thinning time and contamination from the Cu support grid. Therefore, 
the Ti grid has been used instead. Since Si is not a good heat conductor, long ion 
beam milling operation and Ar implantation might over heat and/or create defects in 
the sample, which could change the original nanostructures. Therefore, it is important 
to work with very thin samples and low ion-incident angles to obtain successful and 
artifact-free specimens. 
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3.4 Elemental composition and chemical states  
X-ray Photoelectron Spectroscopy (XPS) is an analysis technique that uses X-rays in an ultra-
high vacuum environment to investigate the elemental composition and chemical states of a 
solid material. Although this technique is commonly used for surface characterization, the use 
of sputtering and collecting data through the whole thin film depth in the present make it, to 
some extent, a bulk characterization method. XPS is based on the photoelectric effect of 
interactions between x-rays and electrons in the solid, resulting in electron emission from the 
solid surface. Depending on the energy of the applied X-rays, the electrons can be generated 
not only from the outer shells but also from the core levels of all elements. When an incident 
X-ray collides with a core electron, this causes the electron to be ejected from the electronic 
shell. The electron is released with a certain kinetic energy that is directly related to the 
binding energy of the electron to the atom. The ejection of the inner core electron leads to the 
secondary processes; the missing inner core electron represents an unstable hole in the 
electronic shell. An electron from the valance shell then fills the newly formed hole, causing 
an Auger electron to be emitted from the valance shell to conserve energy. Again, the kinetic 
energy of the emitted electron is directly related to the binding energy of the electron to the 
atom. These two processes are used to identify the elements in the sample since the binding 
energies of the electrons are unique for every element. To determine the binding energies, we 
first need to collect the kinetic energies of the electrons. Once the detector collects the data, 
we can calculate the binding energies of the electrons if we know the wavelength of the 
incident x-rays. In theory, this should be all that is needed to find the binding energy of the 
emitted electrons. However, depending on whether the sample is an insulator or a conductor, 
the binding energy will be changed slightly. This is due to the fact that the Fermi level of 
both the sample surface and the spectrometer are equivalent.  Since all samples are grounded 
in the system the conducting sample will not have charge build up. An insulating sample is 
slightly different. For insulating samples, in general, the Fermi levels are not equivalent 
between the sample and the spectrometer.  Charge build up occurs just above the sample’s 
surface which causes the Fermi level of the spectrometer to shift to a higher energy. The shift 
in the Fermi level of the spectrometer results in the kinetic energy of the measured electrons 
to be slightly different from the actual value. To account for this during analysis, we 
calibrated the data using the Carbon 1s peak at a binding energy of 285 eV.  
The XPS measurements in the present work were carried out using a Kratos AxisUltraDLD 
instrument with a monochromatic Al KĮ radiation. The employed settings allowed for a 
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resolution of 0.57 eV as determined by the FWHM of the Ag 3d5/2 peak. Depth profiling was 
performed using Ar ion sputtering (at 4 keV) combined with sample rotation. To analyze the 
XPS data, the CASA data processing program was used. The collected data is a measurement 
of binding energies, which can be found once the energy of the incident x-ray is known for 
the system. Since the binding energy is unique for every element, the elemental composition 
of the materials can be determined qualitatively. An important aspect of XPS is to determine 
the quantitative chemical composition of the sample, which can be derived from the 
photoelectron peak areas. The area under the photoelectron curve is proportional to the 
number of atoms that emit the electrons at that binding energy. Therefore, if we take the ratio 
of the area under the binding energy curve for each element, we can determine the 
composition of the samples quantitatively. Prior to the quantitative evaluation of the 
photoelectron peak areas, a suitable inelastic background subtraction needs to be done using 
Shirley background subtraction method. More importantly, the chemical states of the 
materials can also be found through a reasonable fitting of the experimental peaks. In order to 
obtain an optimized fit with sufficient number of Gaussian-Lorentzian curves without 
constraints, knowledge of the sample chemistry is important as it suggests the number of 
chemical states and therefore number of peaks. Introducing parameter constraints to restrict 
the peak widths and relative intensities of the peaks force the peak model to obey the 
chemistry. Without these inputs any model designed purely on the spectral envelope would 
be a cause for concern. In the case of SRN thin films in the present work, a depth profile 
study through the whole film depth has revealed important information including chemical 
composition and bonding structures of the nitride networks. The atomic percentage of each 
tetrahedral unit incorporated in the film network was calculated from the deconvolution of 
the XPS spectra in the Si 2p3/2 region and corroborated by the results obtained from survey 
scans. The chemical modification due to the substitution of N atoms by O in the Si3N4 
network can lead to the shift of the binding energy in the Si 2p3/2 and the N 1s region of the 
XPS spectra. Combined with the theoretical models of different chemical bond distribution, 
an unambiguous picture of the atomic structure and bonding characteristics of SRN thin films 
was made. These results and conclusions are discussed in detail in Paper II. 
3.5 Optical properties  
If a photon has an energy greater than the band gap energy, it can be absorbed and thereby 
raise an electron from the valence band up to the conduction band; this will create an 
electron-hole pair in the material. In this photoexcitation process, the electron generally has 
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excess energy, which it loses before coming to rest at the lowest energy in the conduction 
band. At this point the electron eventually falls back down to the valence band to recombine 
with the hole there through the radiative recombination process. As it falls down, the energy 
it loses is converted back into a luminescent photon, which is emitted from the material. 
Thus, the energy of the emitted photon is a direct measure of the band gap energy, Eg. In 
addition, the radiative recombination can also take place at the interfaces or defect centers, 
which introduce the energy levels in the middle gap or band tails. These processes can alter 
the radiative transitions and convolute or dominate the observed spectra. The process of 
photon excitation followed by photon emission is called photoluminescence (PL). This 
experiment also introduces the widely used tool – PL spectroscopy, which is a contactless, 
nondestructive method to probe the electronic structure of materials through using a 
monochromatic source to excite electrons and measuring the intensity of light as a function of 
wavelength. The intensity and spectral content of the emitted PL is a direct measure of 
various important material properties, including: 
- Band gap determination: the spectral distribution of PL from a semiconductor can be 
analyzed nondestructively to determine the electronic band gap. This provides a 
means to quantify the elemental composition of compound semiconductor.  
- Impurity levels and defect detection: the PL spectrum at low sample temperatures 
often reveals spectral peaks associated with impurities contained within the host 
material. The high sensitivity of this technique provides the potential to identify 
extremely low concentrations of intentional and unintentional impurities that can 
strongly affect material quality and device performance. 
- Recombination mechanisms: the quantity of PL emitted from a material is directly 
related to the relative amount of radiative and nonradiative recombination rates. 
Nonradiative rates are typically associated with impurities and thus, this technique can 
qualitatively monitor changes in material quality as a function of growth and 
processing conditions. 
In the present work, the PL measurements were performed by excitation with a 325 nm line 
of a He-Cd laser at room temperature. Due to the convolution of many factors ( radiative 
electron–hole recombination in Si NCs, radiative recombination at defect centers in the 
nitride network and at localized bonding states at Si NCs/nitride interfaces), the PL spectra 
need to be deconvoluted by a standard nonlinear least-squares fitting procedure using Voigt 
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functions in order to identify individual constituents. The deconvoluted PL spectra measured 
in the SRN thin films have revealed emission bands at different energies, corresponding to 
different radiative recombination centers in both Si NCs, defects and impurity levels. In 
association with other analytical techniques, PL measurements in the present work provide 
very useful information about electronic structures and the role of defects and impurities 
existing in the nitride films, which is vitally important parameters influencing solar cell 
device efficiency. 
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Chapter 4 
Overview of publications 
4.1 Paper I 
The paper presents a study of QC in Si NCs. Based on the characterization of individual Si 
NCs using STEM-EELS, the volume plasmon energy and the Si L2,3 edge position as a 
function of the Si NC size obtained with TEM observation is investigated. In both cases, the 
measured shifts in energy are consistent with the previous works and reflect QC effects. 
While similar results have been obtained for Si NCs, the novelty resides in the host matrix: 
the Si NCs are embedded in a silicon nitride film and such type of film has recently gained 
much interest to be integrated in Si solar cells. In addition, the role of defects to account for 
small variations in the shift of the volume plasmon energy is highlighted. The direct evidence 
of QC in this system confirms the viability of silicon nitride as a matrix for nano-structured 
thin films in tandem solar cell stacks and opens up promising avenues for the exploitation of 
the higherband gap energy of silicon nitride in PV applications. 
The films were grown and the TEM work was carried out by P. D. Nguyen at the University 
of Oslo. The STEM-EELS experiments were performed in SuperSTEM Laboratory in UK by 
Dr. Q. M. Ramasse, P. D. Nguyen and Dr. D. M. Kepaptsoglou. Data analysis was carried out 
by P. D. Nguyen. 
 
4.2 Paper II 
The atomic structure and optical properties of SRN thin films have been for decades the 
subject of intense research. However, there is still an ongoing and vibrant discussion about 
the deviation between theoretical and experimental results. This is mainly because the results 
have been reported only partially and a broader, more complete picture is still lacking, which 
should take into account any effect of chemical modification, intrinsic and extrinsic defects 
on the physical properties of SRN films. The problem is that no single characterization 
technique can provide a clear and definitive structural picture of the SRN films. Hence, 
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complimentary techniques must be applied simultaneously in order to experimentally verify a 
clear correlation between structural and optical properties unambiguously. In this paper, 
different techniques including XPS, HRTEM, STEM-EELS and PL spectroscopy have been 
combined to study the structure, chemical bonding and optical properties of sputtered silicon 
nitride thin films of variable compositions. The theoretical models of chemical bond 
distribution were justified experimentally by the XPS and EELS results. A model of gap 
states and electronic transitions for the SiOxNy films is proposed, which explains adequately 
the role of QC excitons vs defects in the visible luminescence of SRN films with and without 
Si NCs. 
The films were grown and the TEM work was carried out by P. D. Nguyen at the University 
of Oslo. The STEM-EELS experiments were performed in SuperSTEM Laboratory in UK by 
Dr. D. M. Kepaptsoglou and P. D. Nguyen. XPS measurements were done by M. F. Sunding 
and PL data have been obtained by L. O. Vestland. Data analysis was carried out by P. D. 
Nguyen. 
 
4.3 Paper III 
The paper reports on the QC of Ge NCs embedded in SiO2 matrix through a blue-shift in 
plasmon energies and an enhancement of Ge interband transitions with decreasing NC size 
investigated by STEM-EELS. This technique allows direct correlation between the NC 
geometry and its electronic properties. While this is a natural extension of Paper I, the 
interesting results point out the important effects of the dielectric matrix surrounding the 
NCs. Because of that, a substantial deviation of the observed QC from the classical model 
was found. A comparison between the confinement strength in the system of Si NCs and Ge 
NCs was also brought into discussion. 
The films were grown and the TEM work was carried out by P. D. Nguyen at the University 
of Oslo. The STEM-EELS experiments were performed in SuperSTEM Laboratory in UK by 
Dr. D. M. Kepaptsoglou. The low-loss EELS calculations were done by Dr. R. Erni. Data 
analysis was carried out by P. D. Nguyen. 
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4.4 Paper IV 
Contamination in thin film samples during a sputtering process is a major concern since this 
will result in undesirable structures and properties. The purpose of the work was to identify 
the contaminations, which were present in the sputtered Si/Si3N4 multilayer thin films and 
find a solution for eliminating the contaminations. As the contamination resulted in 
crystallization of CrSi2, which is considered as a promising material for thermoelectric 
application and for optoelectronic devices, the structures and mechanisms of CrSi2 heterogen 
nucleation and growth during the sputtering and thermal annealing processes has been 
investigated further. 
The films were grown and the TEM work was carried out by P. D. Nguyen at the University 
of Oslo. XPS measurements were done by M. F. Sunding. Data analysis was carried out by 
Prof. A. Olsen, P. D. Nguyen and Prof. A. E. Gunnæs. 
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Direct observation of quantum conﬁnement of Si nanocrystals in Si-rich nitrides
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The band gap of the active layers in stacked Si-based tandem solar cells can be ﬁne tuned by changing the
size of embedded silicon nanocrystals (Si NCs). Although SiO2 matrices have been predominantly used for such
applications, nitride phases have recently emerged as a promising alternative. In this paper, we use high-resolution
scanning transmission electron microscopy and energy-loss spectroscopy to report on the electronic structure
of individual Si NCs embedded in silicon nitride ﬁlms. Si NCs were produced by rf sputtering and exhibited
controllable crystallite size and quality via different thermal annealing conditions. Quantum conﬁnement effects
were observed through a blue shift in both conduction band edges and volume plasmon energies as a function
of particle size and structure. We show that, in good agreement with theoretical models, the volume plasmon
energy Ep (eV) is related to the size d (nm) of Si NCs by Ep = 16.89 + 23.90/d2. Lattice distortion in twinned
Si NCs and dangling bonds at defect centers are shown to be the cause of a weakening in quantum size effects
and a reduction in the light emission efﬁciency of the ﬁlms. Both electron spectroscopy and optical results are
consistent in explaining the correlation between structure and optoelectronic properties of Si NCs.
DOI: 10.1103/PhysRevB.85.085315 PACS number(s): 73.22.−f, 73.21.La, 73.63.Bd
I. INTRODUCTION
Over the last 10 years, the use of silicon-based tandem solar
cells has emerged as a very promising technique to increase the
efﬁciency of converting sunlight to electricity.1 The structure
of such devices involves stacks of Si-based materials with
different band gap energies, which can absorb various solar
spectrum bands. Carrier conﬁnement in embedded nanoscale
structures is the key to controlling the band gap of these
layers. The integration of Si nanocrystals (Si NCs) with a size
approaching the Bohr radius of a Si dielectric matrix allows
for tuning of the band gap of the resulting material by utilizing
the quantum effects related to the particle size and distribution
across the solar cell.2 The resulting quantum conﬁned energy
levels lead to an increase in the effective band gap of the
nanostructure compared to bulk Si.
Extensive efforts have been made to produce the adequate
structure of Si NCs embedded in a silicon oxide matrix for this
type of application.3–5 However, theoretical and experimental
results recently suggested that, if silicon nitride is used as a
matrix material around Si NCs, the photoluminescence peaks
from the Si NCs are more blue shifted than those of similar
NCs embedded in silicon oxide.6 This enhanced energy of Si
NCs in silicon nitride is attributed to the better passivation
of the NCs by nitrogen atoms eliminating the strain at the
Si-Si nitride interface.6 In addition, Si3N4 has a lower band
gap energy than SiO2, leading to a lower barrier height and
much increased carrier tunneling probability between Si NCs.2
Therefore, Si NCs in a silicon nitride matrix are expected to
be good candidates for silicon-based tandem solar cells. This
nanostructure is typically formed by precipitation of Si from
supersaturated silicon nitrogen solid solutions (Si-rich silicon
nitride ﬁlms, SRN), upon annealing at temperatures above
900 ◦C. Optical absorption spectroscopy and photolumines-
cence (PL) spectroscopy techniques have been extensively
used to study the optoelectronic properties with respect to
the size and structure of Si NCs embedded in silicon nitride
matrix.6–8 In spite of the fact that there have been plenty of
reports on the quantum conﬁnement-induced luminescence
in this system, the origin of PL from SRN ﬁlms is still an
object of controversy.9 Both the quantum conﬁnement effects
of Si NCs and defect centers, as well as the interface states
in the SRN ﬁlms, have been conﬁrmed by PL measurements
to give rise to the luminescence at different energy bands.10
Although the optical techniques mentioned above have a very
good energy resolution, the information they yield is averaged
over a relatively large area of the specimen, which includes a
large number and size distribution of NCs. Consequently, it is
difﬁcult to experimentally distinguish these mechanisms in the
radiative emission. On the other hand, the very high spatial and
energy resolution of dedicated aberration corrected scanning
transmission electron microscopes equipped with an electron
energy-loss spectrometer (STEM-EELS) provides information
on the local electronic structure and elemental distribution in-
side the individual particles and their surrounding matrix.11,12
To our knowledge, there has so far not been any high-spatial
resolution STEM-EELS study of the quantum conﬁnement
and defect-related properties of Si NCs formed in a silicon
nitride matrix.
In an attempt to explain the nanoscale origin of the PL
from an electron spectroscopic point of view, we focus on
using STEM-EELS to establish possible correlations between
the quantum conﬁnement of Si NCs in SRN and their size or
localized defects. The size, density, and structure of Si NCs
were controlled by varying the thermal annealing conditions.
Changes in the band gap structure of the NCs arising from
quantum conﬁnement can be observed by shifts to higher
energies (blue shift) of the volume plasmon energy or core
loss edge onsets with decreasing NC size.13,14 The relationship
between structures/sizes of Si NCs and shifts in the plasmon
energies and the Si L2,3 edges will be discussed. In addition,
PL suggests a strong inﬂuence of defects in Si NCs, which
can act as nonradiative recombination centers and degrade
the light emission efﬁciency. High-resolution transmission
electron microscopy (HRTEM)/STEM observations, EELS,
085315-11098-0121/2012/85(8)/085315(8) ©2012 American Physical Society
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and PL results are consistent in explaining the correlation
between the structure and optoelectronic properties of Si NCs.
II. EXPERIMENT
Thin ﬁlms composed of a nominally stoichiometric silicon
nitride (Si3N4) buffer layer (∼15 nm) followed by an SRN
layer (∼40 nm) were deposited on (100)-oriented single-
crystal Si substrates by rf magnetron sputtering in an Ar
atmosphere. The Si substrate was cleaned using a standard
RCA (RadioCorporation ofAmerica) clean and given a dip in a
10% HF solution to remove the native oxide, and then dried by
being blownwithN2 and put into the deposition chamber. Prior
to sputtering, the chamber was evacuated to 5 × 10−7 mbar.
In-situ Ar presputtering of the target was performed in order to
remove any Si oxide on the target surface. The ﬂow rate of Ar
was maintained at a constant rate of 40 sccm during the ﬁlm
deposition. The excess silicon content in the SRN layer was
achieved by cosputtering deposition from Si and Si3N4 targets
at room temperature. The as-deposited layers were conﬁrmed
to be amorphous by transmission electron microscopy (TEM)
imaging and electron diffraction. In order to form Si NCs
in the nitride matrix, the samples were annealed in vacuum at
temperatures of 900 to 1100 ◦C for 30 min to 2 h, depending on
the speciﬁc desired nanostructure (i.e. the size and distribution
of the particles within the matrix). In this paper, we report on
three sets of samples that have been annealed at 1000 ◦C for
2 h, 1100 ◦C for 30 min, and 1100 ◦C for 2 h, hereafter denoted
1000-2 h, 1100-30 m, and 1100-2 h, respectively.
Transmission electron microscopy specimens were pre-
pared for cross-sectional observation by mechanical polish-
ing using the Allied MultiPrep System and ﬁnished with
low-angle, Ar-ion milling at 5 keV in a Gatan PIPS 691
Precision Ion Polishing System. High-resolution transmission
electron microscopy and energy-ﬁltered transmission elec-
tron microscopy (EFTEM) observations were performed at
200 kV, with a JEOL 2010F microscope equipped with a
Gatan Imaging Filter. The energy spread was determined
to be ∼1.4 eV from the full width at half maximum
(FWHM) of the zero-loss peak. Energy-ﬁltered transmission
electron microscopy images were acquired using the silicon
bulk plasmon peak at 17 eV with an energy-slit width of
2 eV.
The STEM-EELS experiments were performed at 100 kV
in a Cs-corrected Nion UltraSTEM15 equipped with a Gatan
Enﬁna Spectrometer. The cold ﬁeld emission gun (FEG) has a
native energy spread of 0.3 eV, as determined from the FWHM
of the zero-loss peak in typical operating conditions. For the
EELS acquisition, the collection semi-angle was 4 mrad for
the low-loss datasets and 32 mrad for the core-loss datasets,
and the probe convergence semi-angle was 30 mrad. In order
to mitigate the effects of radiation damage and contamination
on the beam-sensitive silicon nitride samples, the low-dose
SMART16 acquisition for EELS technique was employed.
Postmortem images were systematically acquired in order to
check for possible specimen drift during the data collection
and assess specimen beam damage. Sample thicknesses in the
most useful areas were determined to be 0.1 to 0.3 relative
to the inelastic mean free path (t/λ) by the log-ratio method
from low-loss EELS spectra. Occasionally, slightly thicker
areas (up to 0.5t/λ) were used when necessary in order to
provide a better range of particle sizes. Due to the very low
probability of plural scattering in such small thicknesses, the
spectra were not treated for plural scattering removal.
III. RESULTS AND DISCUSSION
Figures 1(a) and 1(b) show, respectively, an HRTEM image
and an Si plasmon EFTEM image acquired at 17 eV of the
1100-30 m sample. The observed lattice fringes in the SRN
layer and electron diffraction pattern conﬁrm the precipitation
of NCs in the silicon nitride matrix. No crystallization was
observed for samples annealed below 1000 ◦C. The EFTEM
imaging at the bulk Si plasmon energy conﬁrms that the
observed NCs are indeed Si particles. The brighter areas
correspond to the Si clusters and the Si substrate, while the
FIG. 1. (a) Cross-sectional HRTEM and (b) EFTEM at 17 eV images of Si NCs in nitride annealed at 1100 ◦C for 30 min. (a) shows
distribution of NCs in which lattice planes can be seen clearly (left inset). Diffraction pattern (right inset) conﬁrms crystal structure of Si
particles observed by HRTEM. (b) shows layers of the ﬁlm where bright areas correspond to elemental Si.
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FIG. 2. (a) A HAADF STEM image of an Si NC with multiple
twins and (b) a Si NC with twins, dislocation, and stacking fault
in the ﬁlm annealed at 1000 ◦C for 2 h. The arrows point out
positions of twin boundaries (TB), stacking fault (SF), and a
30◦ partial dislocation with an extra plan marked by the dotted
circle.
Si3N4 layer that has higher plasmon energy (∼24 eV) is dark.
Delachat et al.17,18 also used EFTEM imaging to identify
Si NCs in a silicon nitride matrix conﬁned between SiO2
buffer layers and suggested that, because of the high density
of NCs in their system, the phase separation mechanism
probably consisted in nucleation and growth of Si NCs up
to a critical size beyond which coalescence would take over.
In the ﬁlms grown for this study, both HRTEM and EFTEM
micrographs also show that, in all samples, the amorphous
SiNx matrix contains a high density of Si NCs. However, the
sizes and morphology of the Si NCs in our samples range
from 1 to 30 nm and were controlled by varying the annealing
temperature and/or time. The statistical analysis of the crystal
size distribution obtained from the HRTEM micrographs
indicates that the mean diameter and the width of the size
distribution strongly depend on the annealing conditions.
For instance, the mean size and the standard deviation (σ )
increase with increasing the annealing temperature for the
same annealing time andwith increasing the annealing time for
a ﬁxed annealing temperature. Indeed, a mean size of ∼15 nm
(with σ of approximately 4 nm) was observed in the 1100-2 h;
the 1100-30 m and 1000-2 h exhibit ﬁner grains, with a mean
size of ∼3 nm (σ ∼ 0.8 nm) and ∼4 nm (σ ∼ 1.7 nm),
respectively. While the mean sizes of Si NCs in 1100-30 m
and 1000-2 h samples are comparable, in the latter, the
largest particles (>5 nm) are characterized by heavy twinning
(Fig. 2).
The high-angle annular dark ﬁeld (HAADF) STEM image
in Fig. 2(a) shows the typical morphology of twinned Si NCs
observed in the 1000-2 h. We have found three- and ﬁvefold
twinned particles, with diameters as ﬁne as about 5 nm,
including twinned domains parallel to the [110] direction.
Such a twinned structure has been observed before in Si NCs
implanted in SiO2 ﬁlm by Wang et al.19 and in silicon nitride
by Delachat et al.,17,18 although in the latter, the presence of
these defects was not clearly linked to the NCs luminescence
properties. For Si or diamond, ﬁvefold twins with a mismatch
angle of 360◦ − (70.53◦ × 5) = 7.35◦ can be accommodated
by lattice distortions or other lattice defects.19,20 In the present
work, a similar misﬁt was observed in Si ﬁvefold twins;
dislocations and stacking faults were also found in some NCs
[Fig. 2(b)]. This indicates the presence of lattice distortion and,
therefore, of electronic structure changes through dangling
bonds inside these Si NCs.21 By contrast, there is no evidence
of the presence of twin defects in the Si NCs with diameters
<5 nm or >20 nm (not shown), which is typically the case of
the 1100-30 m and 1100-2 h samples.
The chemical state of Si particles and their surround-
ing matrix was investigated by core-loss EELS line scans.
Figure 3(a) shows the HAADF STEM survey image of a
particle in the 1000-2 h sample, where the (004) Si dumbbells
are clearly resolved (probe size 0.8 A˚). The HAADF image
is marked with the trace of the core-loss EELS line scan
taken across the particle; on average, about 70–100 spectra
were acquired during each core-loss line scan. Figure 3(c)
shows background-subtracted, averaged Si L2,3 EELS spectra
(each spectrum in this ﬁgure is an average of 10 adjacent
spectra) from the line spectrum image in Fig. 3(b). The spectra
correspond to the areas marked A to E in Figs. 3(a) and 3(b),
respectively. Spectrum C in Fig. 3(c) is taken from the particle
core and corresponds to the crystalline Si L2,3 edgewith a sharp
onset at 99 eV and a small peak in the ﬁne structure at 101 eV,
conﬁrming that the composition of the precipitated NC is pure
Si. In the spectra fromareasAandE that correspond to the SRN
matrix, the Si L2,3 edge onset remains at 99 eV as a shoulder,
while a pronounced peak corresponds to Si3N4 present in
the ﬁne structure at 105.5 eV [marked as a vertical dotted
line in Fig. 3(c)]. A similar trend has been observed in the
1100-30m and 1100-2 h. The presence of the shoulder at 99 eV
corresponding to pure Si indicates that there is a contribution
from the underlying or surrounding Si particles. Given the
high density of Si NCs, as shown by the HRTEM/EFTEM
observation, this is a likely scenario. Spectra B and D, taken
at the matrix-NC interface, resemble those in areas A and E,
with a more pronounced Si shoulder at 99 eV and a broader
Si3N4 peak in the ﬁne structure. This reveals that the relative
contribution of the pure Si edge gradually increases toward the
particle core as the Si content rises.
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FIG. 3. (Color online) (a) A HAADF STEM image of a twinned Si NC in the ﬁlm annealed at 1000 ◦C for 2 h, showing the trace of the
Si L2,3 edge EELS line scan. The parts of the line scan that are marked from A to E correspond to the parts of the raw spectrum image in
(b) (the color scale corresponds to normalized intensity). (c) Averaged (and background subtracted) Si L2,3 edge spectra from regions A to E,
respectively.
Figure 4 shows Si L2,3 edge EELS spectra (average of 10
adjacent spectra) taken at the cores of Si NCs of different sizes
in the 1100-30 m sample. The horizontal axis corresponding to
the energy loss was cross calibrated across datasets by means
of the very characteristic silicon nitride peak at 105.5 eV from
the matrix areas. As seen in Fig. 4, the edge shape changes
dramatically as the particle size decreases from 10 to 3 nm.
The edge onset gradually shifts to higher energy relative to
the bulk and reaches a shift of 1.5 eV when the particle size
drops to 3 nm. This behavior is similar to the observation
of Batson and Heath,13 who reported that the Si edge shape
changes abruptly to a single parabolic band and a shift of 2 eV
for H—terminated Si NCs smaller than 5 nm. The latter were
prepared via a different method than the one used here (the
gas-phase photolysis of a dilute Si2H6/Hemixture in a gas ﬂow
FIG. 4. (Color online) Si L2,3 (background subtracted) EELS
spectra taken at the Si NC cores with different sizes in the ﬁlm
annealed at 1100 ◦C for 30 min. The edge onset shifts and the edge
shape changes with decreasing particle size. The Si peak energy at
101 eV is marked by the dot vertical line.
cell and deposited on a holey carbon grid), albeit exhibiting a
similar effect on the change of conduction band edge. Due to
the lack of NCs smaller than 3 nm, the observation of quantum
size effects at the Si L2,3 edge has not been implemented in
the 1000-2 h and 1100-2 h.
Figure 5 shows three distinct Si plasmon peaks acquired
from Si NCs in three sets of samples. The low-loss EELS
spectra presented are averaged adjacent spectra taken from
a SMART acquisition linescan,16 which was acquired in the
center of the NCs. The 1100-2 h sample exhibits the narrowest
plasmon peaks at 16.9 eV, of which the plasmon energy and
shape correspond to that of bulk crystalline Si, conﬁrmed in
our experiment by comparison with the plasmon of the Si
substrate (not shown). Plasmon peaks in the 1100-30 m are
broad and have a large plateau on top, while plasmon peaks
in the 1000-2 h are sharp at the lower energy side (around
17 eV) and have a shoulder at the higher-energy side (around
21 eV). It has been previously observed that, for NCs of Si,
CdS, and Bi, the volume plasmon energy shifts toward higher
energy, and the spectra are broadened with decreasing particle
FIG. 5. (Color online) Selected low-loss EELS spectra acquired
at the cores of Si NCs from samples under different annealing
conditions. The shapes of the spectra are typical for each sample.
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FIG. 6. (Color online) Zero-loss peak striped plasmon peak,
acquired from the core of an Si NC in the ﬁlm annealed at 1100 ◦C
for 30 min. The different contributions are separated by ﬁtting using
the Voigt functional form. The ﬁrst and the second Voigt peaks
correspond to volume plasmon of Si NCs and their surrounding
matrices, respectively.
size.12,22,23 This is consistent with the observation in Fig. 5:
the particles examined in the 1100-30 m and 1000-2 h are in
the range size from 4 to 8 nm, while they are larger than 10 nm
in the 1100-2 h.
Owing to the delocalized character of the plasmon
excitation,24 the sample volume contributing to the low-loss
signal is signiﬁcant. Therefore, the broadening of plasmon
peaks of the Si NCs with small sizes is expected to contain
some contribution from the vicinity of the surrounding silicon
nitride matrix. The broad plasmon peaks in the low-loss EELS
spectra were deconvoluted in ﬁve components using the Voigt
functional form ﬁtting method (Fig. 6). The ﬁrst component
corresponds to the volume plasmon of Si NCs, which were
taken at the NC cores. The second component of the plasmon
is the matrix contribution. Figure 7 shows the typical setting of
EELSSMARTacquisitions: the position of thematrix plasmon
was veriﬁed independently by acquisition of low-loss EELS
spectra from the matrix immediately surrounding each studied
NC. The accuracy of the matrix plasmon energies depends on
the density and the volume fraction of Si NCs in different
samples. The determined values for the volume plasmon
energies of the NCs and their adjacent matrix together with
the particle size of three samples are summarized in Table I.
The smaller peaks at around 5 and 10 eV correspond to the
interband transition and surface plasmon energies of Si NCs,
respectively.
Plasmon peaks of the matrix surrounding the Si NCs mostly
have energies in the range of 20–24 eV, as seen in Table I.
This indicates that the matrix is nonstoichiometric silicon
nitride SiNx (x < 4/3). It has been observed earlier that for
silicon-rich nitride, the plasmon energy decreases from 24 to
17 eV depending on the Si excess in SiNx .25 The decrease of
plasmon energy in SiNx is attributed to the increase of Si-Si
bond concentration. This result implies that Si agglomeration
in the SiNx ﬁlms is not complete even after annealing at
1000 ◦C or above for a rather long time (30 min or more).
The NC size dependence of the Si volume plasmon energy
was obtained, as shown in Fig. 8. The common trend in
the 1100-30 m and 1000-2 h samples is that the volume
plasmon energies shift toward higher energies with decrease
in the particle sizes. For the former, the peak energy increases
drastically when the diameter reaches ∼5 nm. The blue shift
of plasmon energy with decreasing the particle size attributed
to the quantum size effect is described by Mitome et al.:23
EP = h¯
2π2Eb
μd2Eg
+ Eb, (1)
where h¯ is the Planck constant, μ is the effective mass of an
electron/hole pair in the material (1/μ = 1/me + 1/mh, where
me and mh are the electron and the hole effective masses,
respectively), d is the particle diameter, Ep is the plasmon
energy of the nanoparticle, Eb and Eg are the plasmon energy
and the band gap for the bulk, respectively. This effective
FIG. 7. (Color online) (a) The EELS SMART acquisitions for an Si nanotwin particle and its surrounding matrix in the ﬁlm annealed at
1000 ◦C for 2 h. (b) The spectrum image of the SMART acquisition on the Si particle, where A corresponds to the line scan at the particle core
(the color scale corresponds to normalized intensity). (c) Si NC and matrix plasmons from regions A and B in (a).
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TABLE I. Plasmon energies of different size Si NCs and their surrounding matrices.
Particle Volume plasmon Plasmon energy of FWHM of Si volume
Sample diameter (nm) energy of Si NC (eV) silicon nitride matrix (eV) plasmon peaks (eV)
1000-2 h 6.6 (twin) 17.33 20.36 3.22
6.9 (twin) 17.38 20.10 3.64
7.0 (twin) 17.36 20.10 4.11
7.5 (twin) 17.20 19.90 4.36
8.0 17.13 20.20 4.03
8.9 (twin) 17.03 20.20 3.74
1100-30 m 3.8 18.56 23.85 9.82
4.3 18.20 22.79 9.32
5.2 17.80 23.03 8.73
5.5 17.64 22.33 8.11
5.6 17.60 20.10 5.90
6.6 17.52 20.86 4.47
7.0 17.34 21.31 3.22
7.7 (twin) 17.33 20.10 3.82
1100-2 h 11.0 16.94 21.14 3.80
20.4 16.90 20.10 3.51
mass model predicts the relationship between the particle size
and its plasmon energy EP ≈ 1/d2. The observed increasing
volume plasmon energy of Si NCs in the 1100-30 m sample
agrees well with predictions from this model as seen in the
inset of Fig. 8. The rise of the volume plasmon energy in
NCs of a semiconductor is known to be a result of the band
gap expansion in the excitonic quantum conﬁnement regime,
which becomes signiﬁcant at sizes smaller than theBohr radius
of bulk crystalline Si (around 5 nm). The experimental data of
the 1100-30 m sample are best ﬁtted by the equation:
Ep = 16.89 + 23.90/d2, (2)
plotted as the dotted line in Fig. 8. An energy shift δEp =
0.4–1.6 eV with respect to the bulk plasmon energy of 16.9 eV
is thus obtained for a NC size range of 3.8–7.7 nm in this
sample. A similar shift measured by x-ray photoelectron
FIG. 8. (Color online) Size dependence of the plasmon energy in
the 1100-30 m and 1000-2 h samples. The dot line is the least squares
ﬁt by effective mass theory to the data of the 1100-30 m. The inset
shows the increase of plasmon energy proportional to the inverse
square of particle diameter EP ≈ 1/d2 in the 1100-30 m sample.
spectroscopy was reported by Mannella et al. for porous Si
with sizes of 2.4–3.4 nm.26 From Eq. (2), an effective mass
μ = 0.47m0 was estimated, where m0 is the electron rest
mass. This effective mass is much smaller than the reported
value of 1.1m0 for freestanding Si nanoclusters obtained by
Mitome et al.,23 suggesting that the quantum conﬁnement
effect is stronger in our system. Nevertheless, this value is
very close to that obtained in c-Si (μ = 0.48m0 at 300 K)
by Barber27 and a-Si/SiO2 quantum wells by Lockwood
et al.28 These results imply the importance of the sample
preparation method, which leads to different surface chemistry
and shapes of Si NCs. For instance, Si clusters prepared by
using SiH4 as a precursor gas in Ref. 23 might be terminated
by amorphous layers of polysilane around the clusters,23
whereas our Si NCs are passivated by nitrogen. Additionally,
the freestanding Si clusters reported in Ref. 23 were spherical
in shape, while in our case, they are nonspherical and have
FIG. 9. (Color online) The PL spectra of the 1100-30m, 1000-2 h,
and as-deposited samples. Both the 1100-30 m and 1000-2 h exhibit a
PL maximum centered at around λ = 605 nm (2.05 eV) with a small
shoulder at λ = 480 nm (2.6 eV).
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irregular morphologies, hence the conﬁnement is expected to
be stronger in some dimensions than others.
While the 1100-30 m sample provides data that ﬁt nicely
into the effective mass curve, the plasmon energy as a function
of Si NC size in the 1000-2 h is systematically shifted down on
the energy scale by approximately 0.2 eV. The fact that most
of the particles examined in this latter sample include twins or
other defects is a very likely reason for the weakening of the
observed plasmon energy shift compared with similar-sized,
defect-free particles in the 1100-30 m. A shift of ∼0.4
to 0.9 eV in plasmon energies due to lattice distortion in
c-ZrO2/α-Al2O3 has been reported by Yamada et al.29 The
decrease in plasmon energy of α-Al2O3 by 0.9 eV in that
system was attributed to a 6% lattice expansion. The presence
of lattice distortion, stacking faults, and dislocations inside
the Si-twinned unit cells, as mentioned above, could thus alter
the charge density and in turn change the plasmon energies.
The observed downward shift in plasmon energies due to
stacking faults and dislocations appears to be higher than the
shift due to twinning effect, as evidenced by results obtained
on a particle with a diameter of ∼6.6 nm. In this particle
[Fig. 2(b)], the line scan was acquired close to a dislocation
core and across a stacking fault. Although additional data
would be required to conﬁrm it, this observation is in good
agreement with the report by Hanrath and Korgel that stacking
faults strongly attenuate the plasmon signal of Ge nanowires.30
Calculation of lattice distortions by using plasmon energy shift
could further conﬁrm this hypothesis. It is worth mentioning
that the Si NCs in the 1100-2 h sample exhibit no remarkable
blue shift at volume plasmon energies, which is expected since
the sizes of these NCs are much larger than the quantum
conﬁned size range.
The combined observation of a blue shift of the plasmon
energies and a shift of up to 1.5 eV in the core-loss Si L2,3 edge
onset of the particle as small as 3 nm (sample 1100-30 m)
provide conclusive evidence of the presence of conﬁnement
effects in Si NCs within Si-rich nitrides. We attribute this blue
shift to a speciﬁc quantum conﬁnement effect, which raises
the energy of the bottom of the conduction band relative to the
Si 2p core level. This hypothesis agrees with the EELS data
and conclusions from Batson and Heath13 for H-terminated Si
NCs with sizes <5 nm or from Sun et al.31 for Si nanowires of
2.5 nm. Furthermore, the strong dependence of the observed
blue shift on the size of the Si NCs ﬁts very well within
the general theoretical framework established by Delerue
et al.32 Using ﬁrst-principles calculations, they estimated the
recombination rate of electron-hole pairs in Si nanostructures
and found that the balance between the size dependence of
radiative and nonradiative events leads to the prediction of a
blue shift of the luminescence for small crystallites. Indeed,
our results are also in very good agreement with the PL energy
shifts observed, for instance, for crystalline Si quantum dots
embedded in silicon nitride reported by Kim et al.7
In addition to the electronic properties discussed above, the
presence of defects in semiconductor crystals can strongly in-
ﬂuence the electrical and optical properties of the material.21,33
To relate luminescence properties with the nanostructure of
Si NCs, the PL spectra of the 1100-30 m and 1000-2 h
samples were measured and analyzed. Figure 9 compares
the PL spectra from three samples: 1100-30 m, 1000-2 h,
and as-deposited, excited at 325 nm by an ultraviolet PL
spectroscopy at room temperature. The as-deposited ﬁlm does
not show any appreciable light emission, while the other two
exhibit a strong PL maximum centered at around λ = 605 nm
(2.05 eV), with a small shoulder at λ = 480 nm (2.6 eV), as
shown in Fig. 9. These are in excellent agreement with the
results and quantum conﬁnement modeling obtained from Si
NCs with a core diameter of 3 nm reported by Ledoux et al.34
A signiﬁcantly lower PL intensity was obtained in the
1000-2 h sample compared to that in the 1100-30 m. The
heavier defect density present in the 1000-2 h is evidently
responsible for the large drop in PL intensity compared to
that of the defect-free Si NCs in the 1100-30 m, which is
in agreement with our STEM-EELS observations. Dangling
bonds at dislocations can introduce extra electronic states in the
band gap, which are referred to as intraband gap states and tend
to trap carriers.35 Furthermore, as the calculations of Delerue
et al.32 show, if these energy states are lying near the center of
the band gap, they may be capable of trapping either electrons
or holes and, hence, act as nonradiation recombination centers,
which cause the decrease in light emission efﬁciency. Surface
states in the Si NCs do not appear to play a major role, since
the average particle sizes in both samples are comparable.
These results clearly demonstrate the signiﬁcant impact of
crystal imperfections on the optical emission from Si NCs.
Moreover, the PL results shown here provide strong support
for our previous explanation of the weakening of quantum
conﬁnement effects in the 1000-2 h sample.
Finally, we brieﬂy comment on the mechanisms of twin
growth in Si NCs, for which temperature and time are crucial
factors. If twinned NCs are formed by coalescence of small Si
NCs, one would expect that the smaller crystals (<4 nm) are
twin free because they have not grown to an impingement
size.36 Certainly, some rearrangements of the crystals are
necessary before the crystal merging to get a twin relation.
The twinned structure is unstable due to its higher free energy
compared to twin-free structure. Twin boundaries do raise the
energy of the system and should be considered as defects. The
observation that big NCs (∼20 nm) are twin free indicates
that, when given enough time, the system will lower its free
energy by reconstructing and transforming into large twin-free
particles. Annealing at 1100 ◦C for 30 min gives Si NCs with
small grain size and size distribution, very few of which are
twins. Annealing at 1100 ◦C for 2 h gives enough time for
grain growth to reach a size where most of the crystals are
without twins. Indeed, in the 1100-2 h sample, there is very
little evidence of twins. Our argument until this point has been
restricted to 1100 ◦C, where the atoms have sufﬁcient diffusion
rate to ﬁnd their best positions in order to grow crystals without
twinning at 1100 ◦C. At the lower temperature of 1000 ◦C for
2 h, however, the atoms have less mobility and are more likely
to be trapped by one another, giving rise to an increase of
twinned defects. This explains the higher density of twinning
in the 1000-2 h compared to that in the 1100-30 m.
IV. CONCLUSION
We have demonstrated that the size, density, and structure
of Si NCs embedded in a silicon nitride matrix can be
controlled by varying the thermal annealing conditions. The
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HRTEM/EFTEM analysis shows that the mean size and size
distribution of Si NCs increase with increasing the annealing
temperature for the same annealing time, and with increasing
the annealing time for a ﬁxed annealing temperature. The
STEM-EELS and distributed dose (SMART) techniques were
applied to this system to carry out a comprehensive study of
quantum conﬁnement effects as a function of the size and
morphology of the Si NCs and are in qualitative agreement
with carrier quantum conﬁnement theory. The observation of
twinning and defects in Si NCs and their impact on the blue
shift of plasmon energy and PL intensities suggests a strong
impact of crystal imperfections in the luminescence process of
Si NCs. High-qualitymaterials are needed in order to eliminate
the nonradiative recombination and engineer the required band
structure. Our direct evidence of quantum conﬁnement in this
system conﬁrms the viability of Si-rich nitride as a matrix
for nano-structured thin ﬁlms in tandem solar cell stacks and
opens up promising avenues for the exploitation of the higher
band gap energy of SiNx in photovoltaic applications.
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The atomic structure and optical properties of Si-rich silicon nitride thin ﬁlms have been for
decades the subject of intense research, both theoretically and experimentally. It has been
established in particular that modifying the chemical composition of this material (e.g., the Si
excess concentration) can lead to dramatic differences in its physical, optical, and electrical
properties. The present paper reports on how the incorporation of oxygen into silicon nitride
networks inﬂuences their chemical bonding and photoluminescence properties. Here, by using a
combination of analytical scanning transmission electron microscopy and x-ray photoelectron
spectroscopy it is demonstrated that the structure of Si-rich silicon nitride with low O content can
be described by the co-existence of Si nanocrystals in a Si3N4 matrix, with occasional localized
nano-regions of a Si2ON2 phase, depending on the amount of excess Si. Furthermore, it is shown
that the structure of silicon nitride with high O content can be adequately described by a so-called
random bonding model, according to which the material consists in bonded networks of randomly
distributed tetrahedral SiOxN4x (where x¼ 0, 1, 2, 3, and 4). Photoluminescence measurements
indicate that the effect of O is to introduce a gap state in the band gap of Si3N4 matrix. When a
large amount of O is introduced, on the other hand, the photoluminescence measurements are in
agreement with a shifted conduction band minimum in the dielectric. For both cases (high and low
O content), Si dangling bonds were found to give rise to the deep level in the band gap of the
nitride matrix, causing the dominant emission band in the photoluminescence of the ﬁlms. VC 2012
American Institute of Physics. [http://dx.doi.org/10.1063/1.4756998]
I. INTRODUCTION
There has recently been a tremendous interest in thin
ﬁlms of silicon nitride with embedded Si nanocrystals (NCs),
prompted by the large number of potential applications of
this system.1 Si NCs can for instance be used in Si photonics
with on-chip incorporation of optical functions within exist-
ing microelectronics CMOS technology.2 These systems
have also shown nonlinear optical effects, potentially paving
the way for nonlinear photonics with a wide range of appli-
cations such as sensing, high rate signal processing, and
broad band optical modulation.3 In addition, Si nitride ﬁlms
are an integral part of existing solar cell technology, and em-
bedded Si NCs offer a route to creating stacked variable
bandgap structures.4 In most of these applications, while the
importance of defects, their structure, and their inﬂuence on
physical processes in potential devices are well recognized,
they are often not satisfactorily understood. Although optical
methods such as photoluminescence (PL) have been com-
monly used to characterize embedded Si NCs, it has been
difﬁcult to identify the exact mechanism responsible for the
PL response of these systems. Three mechanisms are thought
to yield luminescence in this system under optical excitation:
(i) radiative electron–hole recombination in Si NCs arising
from quantum conﬁnement effects,5 (ii) radiative recombina-
tion at defect centers in the nitride network,6 and (iii) radia-
tive recombination at localized bonding states at Si NCs/
nitride interfaces, which may vary upon different preparation
techniques.7 Not only can all three of these distinct mecha-
nisms be involved at the same time in the PL process, non-
radiative recombination processes and excitation energy
transfer between different centers may also play a part.8 Fur-
thermore, it has been found that Si nitride ﬁlms produced by
plasma-enhanced chemical vapor deposition are easily oxi-
dized by exposure to air after deposition.9,10 This high reac-
tivity was attributed to the porous structure of the observed
ﬁlms, which were typically fabricated at low substrate tem-
peratures, as it likely permitted moisture from the air to pen-
etrate into them.10 Consequently, luminescent centers related
to the Si–O bonds may be expected.11 Finally, it was shown
that many kinds of defects can exist in oxynitrides with high
densities and non-uniform distributions, which, in turn, can
act as electron or hole traps and cause a deviation from theo-
retical predictions.12,13
Nguyen et al. have previously observed quantum con-
ﬁnement effects as a function of the size and morphology of
Si NCs embedded in a Si nitride thin ﬁlm.14 However, a
broader, more complete picture is still lacking, which would
take into account any unintentional incorporation of O and
would describe the correlation between the local chemical
bonding, intrinsic and extrinsic defects, and the physical
a)Author to whom correspondence should be addressed. Electronic mail:
danpn@fys.uio.no.
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properties of Si-rich Si nitride ﬁlms (SRN), such as their PL.
In this paper, we seek to address some of these open ques-
tions by combining several experimental techniques yielding
both bulk-averaged and local atomic-scale information for
studying at different length scales the impact of variations in
composition and chemical bonding on the SRN ﬁlm struc-
ture. The aim is to improve our understanding of the effect
of oxygen incorporation into Si–N networks upon their lumi-
nescence properties. The information about atomic bonding
and the identiﬁcation of precise atom locations in our study
may assist in validating different chemical bond distribution
and PL models for the Si nitride system.
II. EXPERIMENTAL
Thin ﬁlms composed of a nominally stoichiometric Si
nitride (Si3N4) buffer layer (20 nm) followed by an SRN
layer (40 nm) were deposited on (100)-oriented single-
crystal Si substrates by radio frequency (RF) magnetron
sputtering in an Ar atmosphere. The Si substrates were
cleaned using a standard RCA (Radio Corporation of Amer-
ica) cleaning process followed by a dip in a 10% HF solution
to remove the native oxide, then dried in N2 gas, and put into
the deposition chamber. Prior to sputtering, the chamber was
evacuated to 5 107 mbar. In situ Ar pre-sputtering of the
targets was performed in order to remove any Si oxide on
the target surface. The ﬂow rate of Ar was maintained at a
constant rate of 40 standard cubic centimeter per minute, and
the pressure in the chamber was kept at 6 103 mbar dur-
ing the ﬁlm deposition. The excess Si content in the SRN
layers was achieved by co-sputtering and deposition from Si
and Si3N4 targets without any intentional substrate heating.
Three different sets of samples, namely SN1, SN2, and SN3,
having different Si excess were achieved by adjusting the
sputtering rates for the Si and Si3N4 targets individually. The
composition of these samples ranges from high excess Si
content (SN1) to low excess Si content (SN3): see Table I.
All the as-deposited samples were conﬁrmed to be amor-
phous by transmission electron microscopy (TEM) imaging
and electron diffraction. Furthermore, the Si nitride buffer
layers exhibited a very high porosity compared to the SRN
layers. With the purpose of forming Si NCs and induce phase
separation in the nitride matrix, the samples were subse-
quently annealed at 1100 C for 2 h in a sealed SiO2 glass
tube evacuated to a vacuum of better than 1 102 mbar.
TEM specimens were prepared for cross-sectional
observations by mechanical grinding and ﬁnished with low-
angle Ar-ion milling (at 5 keV) in a Gatan PIPS 691 Preci-
sion Ion Polishing System. High-resolution transmission
electron microscopy (HRTEM) and energy-ﬁltered transmis-
sion electron microscopy (EFTEM) observations were per-
formed at 200 keV primary beam energy with a JEOL 2010 F
microscope equipped with a Gatan Imaging Filter. EFTEM
images were acquired using the Si bulk plasmon peak at
17 eV with an energy slit width of 2 eV. The scanning
transmission electron microscopy coupled with electron
energy-loss spectroscopy (STEM-EELS) experiments were
performed at 100 keV in a Cs-corrected Nion UltraSTEM
equipped with a Gatan Enﬁna spectrometer. The cold ﬁeld
electron emitter of this instrument has a native energy spread
of 0.35 eV, as determined from the full width at half maxi-
mum (FWHM) of the zero-loss peak in typical operating
conditions. For the core-loss EELS acquisition, the collec-
tion semi-angle was 32 mrad with a probe convergence
semi-angle of 30 mrad.
X-ray photoelectron spectroscopy (XPS) measurements
were carried out using a Kratos AxisUltraDLD instrument
with a monochromatic Al Ka radiation. The employed set-
tings allowed for a resolution of 0.57 eV as determined by
the FWHM of the Ag 3d5/2 peak. Depth proﬁling was per-
formed using Ar ion sputtering (at 4 keV) combined with
sample rotation. The binding energies of photoemission
spectra were calibrated by referring the position of the C 1 s
peak from adventitious C on the un-etched surface to 285 eV
binding energy. PL measurements were performed by excita-
tion with the 325 nm line of a He–Cd laser at room tempera-
ture. The XPS core-level photoemission spectra and PL
spectra were ﬁtted by a standard nonlinear least-squares ﬁt-
ting procedure using Voigt functions.
III. RESULTS AND DISCUSSION
A. Chemical and structural characterization
Figure 1 shows cross-sectional HRTEM images of the
SRN layers of the three annealed samples. After annealing at
TABLE I. RF power supplies and respective atomic concentrations (at. %)
of SRN layers of the three annealed samples.
Sample
RF power to
Si target (W)
RF power to
Si3N4 target (W) Si (at. %) N (at. %) O (at. %)
SN1 150 100 62 30 8
SN2 100 100 47 39 14
SN3 50 150 40 28 32
FIG. 1. (a)–(c) Cross-sectional HRTEM
of SN1, SN2, and SN3, respectively.
(a),(b) Distribution of Si NCs in which
lattice planes can be seen clearly. By
contrast, no NC was observed in SN3.
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1100 C for 2 h, sample SN1 and SN2 exhibited an extensive
phase separation evidenced by the formation of NCs embed-
ded in the amorphous matrix. The width of the observed lat-
tice fringes in HRTEM and electron diffraction patterns
conﬁrmed that the NCs in these samples are indeed Si. Sam-
ple SN1 has a high density of NCs with a rather large crystal
size distribution (3–10 nm) while sample SN2 has much
lower density and smaller crystal size and size distribution
(3–5 nm). In contrast, sample SN3 shows no visible NCs,
amorphous phases dominating the entire ﬁlm structure.
Figures 2(a)–2(c) show EFTEM images acquired at the bulk
Si plasmon energy (17 eV) from the three samples after
annealing. For samples SN1 and SN2, the brighter areas in
the SRN layers correspond to the Si clusters, while the image
from sample SN3 has a homogeneous grey contrast conﬁrm-
ing the absence of cluster formation. This observation further
conﬁrms the difference in structure between the three
annealed samples, which thus depends strongly on their
chemical composition, from low to high Si excess content.
Information about bonding structure and chemical com-
position of the three annealed samples was obtained by XPS.
Measurements show the presence of Si, N, as well as O in
the samples as witnessed from the Si 2p, N 1s, and O 1s
peaks (Figure 3(a)). Figures 3(b)–3(d) show the ﬁlm
FIG. 2. Cross-sectional EFTEM at 17 eV
(using a 2 eV slit) images of (a) SN1, (b)
SN2, and (c) SN3. Bright contrast corre-
sponds to a higher elemental concentra-
tion of Si.
FIG. 3. (a) The experimental XPS survey spectra for all elements. (b)–(d) concentration of Si, N, and O, respectively, in the three annealed samples plotted as
a function of etching time.
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concentrations, determined by integrating the areas under the
XPS peaks and plotted as a function of sputtering time
(which corresponds to ﬁlm depths). In all three investigated
ﬁlms the concentration of O is higher at the ﬁlm surface
(from 0 to 200 s sputtering time) and in the Si nitride buffer
layer (from 1600 s sputtering time). Out of the three samples,
sample SN1 exhibits the highest Si and lowest O concentra-
tion, while sample SN3 has the lowest Si concentration but
the highest O concentration. We will focus in the following
on XPS data acquired at a depth corresponding to the middle
part of the SRN layer, i.e., from 400 to 800 s sputtering time.
The elemental concentration for samples SN1, SN2, and
SN3 at that depth is given in Table I.
Figure 4 shows the measured XPS Si 2p spectra of the
three annealed samples, and their component peaks are
obtained by the deconvolution of the spectra. The Voigt
functional form-ﬁtting method was used for ﬁtting the spec-
tra after standard Shirley background subtractions. Si–Si4
and ﬁve other possible Si-centered tetrahedral conﬁgura-
tions, SiOxN4x (where x¼ 0, 1, 2, 3, and 4), were used to
carry out the ﬁtting procedure. The calculation of the binding
energies of these tetrahedral units is based on the assumption
that the displacement of the binding energy is linear with the
increase of the coordination number of oxygen or nitrogen.15
From the resolved component peaks, the corresponding tetra-
hedra together with their binding energies and relative
atomic percentages are listed in Table II. For samples SN1
and SN2, the experimental spectra consist of two distinct
peaks. The low energy peak at 99.5 eV, which is resolved
into a 2p3/2-2p1/2 doublet (as seen in Figure 4), can be readily
assigned to bulk crystalline Si (Si–Si4 tetrahedral unit). This
information combined with the initial EFTEM observation
from these two samples further conﬁrms the precipitation of
Si from the SRN ﬁlm. The Si crystalline content was deter-
mined to be 47% and 9% in samples SN1 and SN2, respec-
tively, by comparing the integrated intensity of the 99.5 eV
peak with the total peak intensity. This is again consistent
with TEM observations. In both samples, the higher energy
peak at around 102.2 eV can only be ﬁtted by a combination
of Si–N4 (Si3N4) and Si–ON3 (Si2ON2). For sample SN3, the
measured Si 2p spectrum shows only one symmetric peak at
102.8 eV, implying the absence of any pure Si phase in this
sample.
There exist two extreme models, namely, random-
bonding model (RBM) and random-mixture model (RMM)
that have frequently been used to describe the chemical bond
distribution in amorphous silicon oxy-nitride (a-
SiOxNy).
13,15–17 According to the RBM, a-SiOxNy is com-
posed of ﬁve types of tetrahedra described by SiOxN4x
(where x¼ 0, 1, 2, 3, and 4). This in turn implies that in this
model the Si 2p spectrum must consist of a single broad
peak. As seen in Figure 4, the experimental Si 2p spectra of
sample SN1 and SN2, both considered to be Si rich, clearly
do not agree with the RBM. This model appears to underrate
the available fraction of Si–Si4 tetrahedra, which are respon-
sible for the observed bulk Si peak at 99.5 eV. Furthermore,
the peak at around 102.2 eV corresponding to the residual
matrices of sample SN1 and SN2 can only be ﬁtted with two
components: Si–N4 and Si–ON3. This again is in contradic-
tion with an RBM description of these samples. The RMM
on the other hand predicts that a-SiOxNy is a mixture of sta-
ble SiO2 and Si3N4 phases, together with a pure Si phase, if
Si is in excess. Hence the Si 2p spectrum should show the
corresponding component peaks. However, the deconvolu-
tion of our experimental spectra (Figure 4, Table II) clearly
shows the presence of Si–ON3 tetrahedra that are not
expected in the RMM. Moreover, the RMM model predicts a
very strong proportion of Si–O4 tetrahedra that correspond to
a SiO2 phase, which is not observed in samples SN1 and
SN2. It is thus clear that neither the RBM nor the RMM can
be used to describe our experimental data for SN1 and SN2.
The experimental Si 2p spectrum of sample SN3, however,
can be ﬁtted almost perfectly with the RBM, suggesting that
the ﬁlm comprises ﬁve types of tetrahedra, as shown in
Figure 4 and Table II.
FIG. 4. The experimental Si 2p spectra (dotted lines) and component peaks
(solid lines) obtained from the spectral deconvolution for the three annealed
samples.
TABLE II. Structural phase components and their relative atomic percen-
tages of the three annealed samples.
Tetrahedrona,b,c Bonding unit
Binding
energy
(eV)a SN1 SN2 SN3
Relative
atomic
percentages
(at. %)
Si–Si4 Si 99.6 47.38 9.67 1.47
Si–N4 Si3N4 102 47.06 80.91 28.05
Si–ON3 Si2ON2 102.4 5.56 9.42 27.94
Si–O2N2 Si3O3N2 102.8 12.93
Si–O3N Si6O9N2 103.2 21.05
Si–O4 SiO2 103.6 8.55
aReference 14.
bReference 15.
cReference 16.
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Previously, Gritsenko et al. and Novikov et al. reported
that neither RBM nor RMM could adequately describe the
structure of SiNx and SiOx ﬁlms.
16,18 Instead, they proposed
an intermediate model, according to which the SiNx and
SiOx structures comprise ﬁve types of tetrahedral units, as in
the RBM, but for which the probability of ﬁnding a given tet-
rahedron type is not described by the RBM. The intermediate
model is based on the assumption that there is a phase sepa-
ration in the nitride or oxide matrices including Si clusters,
sub-oxide and SiO2, or sub-nitride and Si3N4 matrices. The
local variation of the chemical composition between these
phases will lead to large scale potential ﬂuctuations for elec-
trons and holes, thus increasing the probability of localized
electrons and holes in potential wells. Nevertheless, direct
evidence of the existence of Si clusters with small sizes as
well as their spatial distribution in the oxide or nitride matri-
ces are not provided in their works.16,18
In order to quantitatively conﬁrm the validity of this
“intermediate” model for our ﬁlm structures, we carried out
EELS measurements in an aberration-corrected STEM. The
advantage of this experimental setup is that the scanned elec-
tron probe is sub-angstrom in size, and therefore the chemi-
cal and electronic structure information is obtained on an
atomic scale. This allows us to determine whether the distri-
bution of O is uniform within the sample and to conﬁrm the
type of bonding suggested by the intermediate model. The
distributed-dose EELS SMART19 scan technique was
employed in order to minimize radiation damage in the noto-
riously beam sensitive Si nitride layers.
EELS SMART line scans across the whole ﬁlm structure
from the Si substrate to the surface of sample SN1 and SN2
are shown in Figures 5(a) and 5(c), respectively. The detec-
tor dispersion setting was chosen to cover an energy range
from 70 to 700 eV allowing the Si L2,3, N K, and O K edges
to be simultaneously recorded. It is worth mentioning that
the dark contrast in STEM high-angle annular dark-ﬁeld
(HAADF) imaging can be interpreted as pores in the bright
contrast solid structure. As seen in Figures 5(a) and 5(c), the
Si nitride buffer layers have a higher density of pores than
the SRN layers. Figure 5(b) shows background-subtracted
(using a power law model) Si L2,3 edge EEL spectra
extracted from the SMART line scan at different positions
along the direction normal to the ﬁlm structure and averaged
over 20 adjacent data points to improve the signal-to-noise
ratio. Position A corresponds to the Si substrate and the spec-
trum shows a sharp onset at 99 eV, reaching a maximum at
FIG. 5. (a) and (c) HAADF STEM survey image of sample SN1 and SN2, respectively, showing the position of the EELS SMART line scan acquisition across
the ﬁlm structure. The white spots in (c) are probably due to surface contaminations that do not alter the results. (b),(d) Averaged (and background subtracted)
Si L2,3 edge spectra, taken at different areas through the whole ﬁlm depth of sample SN1 and SN2, respectively.
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about 101 eV, characteristic of pure Si. Spectrum B was
acquired in the Si nitride buffer layer next to the substrate
and exhibits a sharp peak at 105.5 eV, which is the
“ﬁngerprint” of the Si3N4 phase, along with a broad second-
ary maximum at 115 eV. Moving further into the SRN layer
where spectrum C was acquired, these two peaks decrease in
intensity, and the energy loss near-edge ﬁne structure
(ELNES) becomes very similar to that of spectrum A, taken
inside the Si substrate where the signal from Si crystalline
bulk is dominant. Finally, spectrum D corresponds to the
ﬁlm surface: in addition to a weak sharp edge onset at 99 eV,
its main peak is again centered around 105.5 eV. From the
ﬁne structure of these EELS edges it is possible to conclude
that the SRN layer in sample SN1 comprises mostly of crys-
talline Si in a residual Si3N4 matrix.
Figure 5(d) shows background-subtracted Si L2,3 edge
EEL spectra extracted from a similar SMART line scan in
sample SN2. As can be seen, spectrum C acquired in the SRN
layer is very different from that of sample SN1. The edge
onset at 99 eV and the sharp peak at 101 eV is not observed.
Instead, a double peak (105.5 eV and 106.4 eV) is found. The
ﬁrst peak at 105.5 eV can be assigned to the presence of Si–N
bonds, whereas the second peak at 106.4 eV can be associated
with the presence of Si–O bonds: these peak energies closely
coincide with reference spectra taken in pure Si3N4 and
Si2ON2 phases.
20 Besides, a more intense broad secondary
maximum at 115 eV is observed, which can be traced to O
nearest neighbors in Si2ON2.
20 This indicates that the atomic
environment around Si atoms consists of N and O atoms. It
also reﬂects the signiﬁcantly lower crystalline content of sam-
ple SN2: in the broad averaged lines scans the signature of
crystalline Si is not detected. In contrast, the atomic environ-
ment of Si atoms in the SRN layer of sample SN1 is found to
consist mostly of Si atoms, in agreement also with the very
high crystalline content in the sample. In addition, spectrum D
corresponding to the surface of sample SN2 exhibits a strong
peak at 108.4 eV, which is the “ﬁngerprint” of the SiO2 phase.
These observations are in good agreement with the high O
content found in the XPS quantiﬁcation results.
Figures 6(a) and 6(b) show the corresponding
background-subtracted N K and O K edges EEL spectra,
respectively, extracted from the SMART line scan at the
same positions as the spectra from Figure 5(b). Peaks at
401 eV and 533 eV are observed for the N K and O K edges
respectively. Comparing the experimental N K and O K
ELNES to ﬁrst-principles supercell calculations of the N K
and O K edge ELNES from the literature20 allows us to con-
ﬁrm the phase identiﬁcation. The features of the N K edges
in spectra A and C, corresponding to the sample surface and
the Si nitride buffer layer, respectively, are in good agree-
ment with the ELNES of either the Si3N4 phase or the
Si2ON2 phase calculated by Ching et al.
20 On the other hand,
the ELNES observed for the N K edge at position B within
the SRN ﬁlm resembles more the reported calculations of
Si3N4 phase.
20 Regarding the O K edges, the observed
ELNES in all spectra are compatible with the calculated
ELNES of Si2ON2 phase. A similar result is obtained for
sample SN2, except that the intensity of the N K edge at
position B within the SRN layer is much higher than that of
sample SN1. This can be explained by the higher N content
in sample SN2 also seen in the XPS quantiﬁcation results.
In short, the agreement between averaged information
obtained from core-loss EELS line scans and the XPS results
is satisfactory. As shown by EELS lincescans, we suggest
that the SRN layer in sample SN1 is dominated by Si precip-
itates and the residual matrix consists of mainly Si3N4 phase,
whereas in sample SN2 the matrix involves Si3N4 phase and
a minority of Si2ON2 phase with fewer Si precipitates.
In order to determine more precisely the distribution of
the various species within the active SRN layers, very local-
ized core-loss EELS scans were recorded in areas of the ﬁlm
containing only the nitride matrix and at the interfaces
between Si NCs and the matrix of sample SN1 and SN2.
While for sample SN1 the Si NCs were found to be mostly
surrounded by a pure Si3N4 matrix, for sample SN2, in some
cases (about 30% of observed NCs), the signature of the
Si2ON2 phase was detected at the interface between a Si NC
and its surrounding matrix. An example of this is shown in
Figure 7. Figure 7(a) shows a STEM survey image of a 2 nm
Si particle in sample SN2, where the trace of the core-loss
EELS line scan taken across the particle is marked. Figure
7(c) shows background-subtracted, averaged Si L2,3 EEL
spectra from the line spectrum image in Figure 7(b). The
spectra correspond to the areas marked A–C in Figures 7(a)
and 7(b), respectively. Spectrum B in Figure 7(c) taken from
the particle core shows a broad shoulder onset at 99 eV (the
pure Si NC) and a pronounced peak at 105.5 eV correspond-
ing to Si3N4 (the surrounding matrix, above and below the
NC through the ﬁlm thickness). In the spectra from areas A
and C that correspond to the matrix/NC interface, a similar
peak is present at 105.5 eV, but in addition a weak peak in
the ﬁne structure appears at 115 eV. As explained above, this
can be traced to O nearest neighbors in Si2ON2 and could
indicate the presence of a small amount of Si2ON2. Our ob-
servation of pure Si NCs embedded in the Si3N4 matrix, plus
some occasional, very localized “pockets” of Si2ON2, is in
good agreement with the intermediate model. Importantly, it
conﬁrms the existence of variations in the local chemical
composition.
FIG. 6. (a) Averaged (and background subtracted) N K and (b) O K edge
spectra, taken in different areas through the whole ﬁlm depth of SN1.
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B. Photoluminescence properties
None of the as-deposited samples showed any appreci-
able light emission, in contrast to the improved luminescence
properties of the annealed samples. Broad luminescence
bands were observed between 1.2 and 3.6 eV for the three
annealed samples, among which sample SN3 exhibits the
strongest PL peaks overall. The PL spectra were decomposed
into several components in order to identify individual con-
stituents of the emission spectra. The Voigt functional form-
ﬁtting method was found to be satisfactory for ﬁtting the
data: the results of this analysis are shown in Figure 8. The
individual peak energies and their respective contributions
are presented in Table III. The resolved bands are centered at
around 1.8 eV (named quantum levels QL1 and QL2 at
1.76 eV and 1.79 eV, respectively), 2.0 eV (named defect
level DL1), and 2.6 eV (DL2) for samples SN1 and SN2. By
contrast, 2.1 eV (DL3) and 2.7 eV (DL4) bands are found for
sample SN3.
With regard to the red light emission, Kim et al.21
reported for a series of Si NCs embedded in Si nitride matrix
ﬁlms that when the Si crystal size was decreased from 6.1 to
2.6 nm, the PL peak energy blueshifted from 1.46 eV to
3.02 eV due to quantum conﬁnement effects. The energy gap
(E) of Si nanocrystals can in the effective mass approxima-
tion be expressed as E¼EbulkþC/d2, where d is the diame-
ter of the Si quantum dot.1,21,22 According to Kim et al.,21 E
(eV)¼ 1.16þ 11.8/d2. From this, the energy gap of Si NCs
with a mean size of 4–5 nm is estimated to be 1.76–1.79 eV,
which is in agreement with our TEM and PL observation in
sample SN1 and SN2, indicating that the red emission (QL1
and QL2 in Figure 8 and Table III) arises from band-to-band
recombination in the Si NCs. The slight blueshift of these
bands from 1.76 eV (QL1) to 1.79 eV (QL2) is expected due
to the reduction of NC size in sample SN2 compared to SN1.
The relative contribution of these bands in the PL spectra is
37 and 21% for sample SN1 and SN2, respectively. These
different contributions can be explained by the much lower
Si NC content in sample SN2 compared to sample SN1
FIG. 7. (a) HAADF STEM survey image of a Si NC in sample SN2, showing the trace of the Si L2,3 edge EELS line scan. The parts of the line scan that are
marked from A to C correspond to the parts of the raw spectrum image in (b) (the color scale corresponds to normalized intensity). (c) Averaged (and back-
ground subtracted) Si L2,3 edge spectra from regions A to C.
FIG. 8. PL spectra acquired from the three annealed samples at room tem-
perature. Different peak components are resolved by ﬁtting using the Voigt
functional form. Arrows indicate emission bands corresponding to defect
levels (DL) and quantum level (QL) in Table III.
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(47% compared to 9%). On the other hand, a more intense
luminescence of QL2 band was observed in sample SN2.
The difference in PL intensities of QL1 and QL2 can be
explained by: (i) the NC size dependence of recombination
probabilities, (ii) different quenching probability by defects
at/or near the NC interfaces, caused by different lifetime in
the NCs, and (iii) different concentration of defects. These
mechanisms can contribute to the observed different inten-
sities of QL1 and QL2. Naturally, the absence of any red
emission band in sample SN3 is consistent with the lack of
Si NCs in this sample.
Concerning the yellow to orange emission, the 2 eV
bands dominate the PL spectra of sample SN1 and SN2 with
relative contributions of about 50% in both cases (DL1 in
Figure 8 and Table III), whereas another band at 2.16 eV
governs the PL spectra of sample SN3 with a relative contri-
bution of 60% (DL3 in Figure 8 and Table III). We tenta-
tively assign DL1 and DL3 bands to the same type of defect
level transitions, but in different matrices due to the different
O content in the samples. The energy gaps of states of the
systems are schematically drawn in Figure 9. According to
the theoretical calculations of Robertson and Powell,23 emis-
sion bands observed at 2.1 eV are caused by the electronic
transitions from the conduction band minimum of Si3N4 to
Si dangling bond states denoted Si0. Hence, our observed
orange emission bands at 2 eV (DL1) and 2.16 eV (DL3)
could have a similar origin. The slightly higher energy of
DL3 band in sample SN3 may be associated with the higher
O content and be explained as follows: Ance et al.24 reported
that for the SiOxNy ﬁlms, which are assumed to have a ran-
dom mixture of Si–N and Si–O, the bottom of the conduction
band shifts to higher energy while the valence band maxi-
mum does not change. Thus, the optical gap opens with
increasing oxygen content, as compared to the original band
gap of Si3N4. According to these observations, sample SN3,
which has a relative oxygen ratio O/(OþN)¼ 0.5, is thus
expected to have a larger band gap than samples SN1 and
SN2. Therefore, the electronic transitions from the conduc-
tion band minimum to Si0 in sample SN3 should give a
higher energy of the emission band compared to that of sam-
ples SN1 and SN2. The band gap of Si3N4 in sample SN1
and SN2, which have a similar ratio of O/(OþN)¼ 0.2, will
remain constant. In addition, rationalizing from the theoreti-
cal analysis of Robertson and Powell,23 the optical bangap is
essentially made of r* antibonding Si orbitals and r bonding
Si orbitals near the conduction and valence band, respec-
tively. The Si atoms are tetrahedrally bonded and use their
four sp3 hybrids for bonding both in Si3N4 and in crystalline
Si. The mid-gap dangling bond state Si0 is tied to these Si
orbitals, so when the bandgap of sample SN3 increases the
mid-gap position will also rise. Therefore, the position of the
Si0 gap state in sample SN3 will be shifted upward, as
shown in Figure 9.
For the three annealed samples, the spectral position of
the blue emission band (DL2 and DL4 in Figures 8 and 9)
remains centered at around 2.6 eV, even though for sample
SN3 the DL4 band exhibits a slight blue shift and an increase
in its FWHM (Figure 8). This is likely due to the large
increase of the total O content in sample SN3 evidenced by
the XPS results. Figure 10 summarizes the observed trends
for the blue band position and its contribution to the PL
TABLE III. Component peaks of the PL spectra of the three annealed sam-
ples and their respective energies and contributions.
Sample Peak name Peak energy (eV) Peak contribution (%)
SN1 QL1 1.76 37
DL1 2.03 49
DL2 2.54 14
SN2 QL2 1.79 21
DL1 2.04 50
DL2 2.59 29
SN3 DL3 2.16 60
DL4 2.69 40
FIG. 9. Gap states including DL and QL
and corresponding electronic transitions
observed in the three annealed samples.
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spectra as a function of the O content in the three annealed
samples. Huang et al.11 reported that the blue emission peak
at around 2.5 eV in amorphous Si nitride ﬁlms that have
been oxidized originates from localized states related to
Si–O bonds. Its intensity was shown to be strongly depend-
ent on the Si–O bonds concentration. Furthermore, Liu
et al.25 reported that the presence of O in SRN ﬁlms will cre-
ate a gap state of Si–O above the valence band maximum of
Si3N4 and will lead to the Si0! Si–O–Si transition, giv-
ing rise to the 2.55 eV emission.25 In our experiment, the
emission band at 2.54–2.59 eV (DL2 in Figures 8 and 9 and
in Table III) observed in sample SN1 and SN2 is compatible
with this model. Meanwhile, we suggest that the 2.69 eV
emission band (DL4 in Figures 8 and 9 and in Table III) in
sample SN3 originates from the same source, with a slightly
higher energy compared to DL2 band due to the higher
energy position of the Si0 gap state in this sample com-
pared to the others as previously discussed. With increasing
O concentration from 8 to 40%, the contribution of these
emission bands increases gradually from 14 to 40% (see Fig-
ure 10). The emission intensity is directly proportional to the
state density. Therefore, the increase of the height of the
blue emission band with increasing O content can be attrib-
uted to the rise of localized state density related to Si–O
bonds in the matrix.
In summary, the dominant orange to yellow emission in
the PL of the three annealed samples stems from the elec-
tronic transitions from the conduction band minimum of sili-
con nitride to Si0 (50%–60%), whereas the contribution
from the blue emission related to the gap state of Si–O bonds
increases with O content in the corresponding sample. In
addition, for sample SN1 and SN2 where Si NCs were found,
the association of the red band to the light emission arises
from band-to-band radiative recombination in the Si NCs,
while this is absent in sample SN3 where no NCs were
found.
C. Summarizing discussion of the sample structures
and mechanisms
Complementary TEM, XPS, EELS, and PL results have
allowed us to draw a consistent picture of bonding structures
and resulting optical properties in our Si nitride ﬁlms. By
XPS quantiﬁcation proﬁles and EELS line scans through the
ﬁlm depth, we observed that, overall, the O concentration
follows the nitride content. Upon closer inspection, however,
oxygen is detected mostly at the top ﬁlm surface and the Si
nitride buffer layers. The oxide surface is thought to be due to
sample surface oxidation, while the Si nitride buffer layer has
a strong tendency to create oxy-nitride owing to its porous
structure, which has been observed by HRTEM and HAADF
STEM. Concerning the SRN layers, sample SN3 takes up a
large amount of O in its bulk due to its high nitride concentra-
tion and therefore high density of pores. As a result, more
Si–O bonds are formed. The annealed ﬁlm structure is then
described adequately by the RBM and consists in bonded net-
works of randomly distributed tetrahedral SiOxN4x (where
x¼ 0, 1, 2, 3, and 4). The oxy-nitride ﬁlm will not induce
large scale potential ﬂuctuations as no spatial local variation
of dielectric constant exists in the randomly distributed oxy-
nitride tetrahedra. Consequently, no excited carriers’ conﬁne-
ment and recombination is expected in the PL. This is in good
agreement with the observed PL of sample SN3 where the
dominant emission band is thought to arise from defect levels
in the amorphous matrix. An additional effect of the high O
content in this structure is to shift the conduction band mini-
mum to higher energy, giving rise to a defect-related emission
band at a higher energy than in the pure nitride.
Samples SN1 and SN2 have a low O concentration, and
these ﬁlm bonding structures cannot be explained by either
the RBM or the RMM. Except for the difference in crystal-
line Si content, the matrices of these annealed ﬁlm structures
are quite similar, dominated by a Si3N4 phase with occa-
sional localized nanoregions of the Si2ON2 phase (the latter
are very rare in SN1 and more numerous is SN2 due to its
higher O content overall). Consequently, the optical gap of
the matrix remains similar to that of the Si3N4 phase. The PL
observed in these ﬁlms thus originates from the same mecha-
nism, including the band-to-band radiative recombination in
the Si NCs, the radiative recombination via luminescent Si
dangling bonds and Si–O bonds existing in the matrix. The
intermediate model is found to be satisfactory to describe
these ﬁlm structures, where Si clusters, Si3N4, and Si2ON2
phase coexistence can cause variations in local chemical
composition and as such can lead to the potential ﬂuctuation
in Si3N4. Therefore, this material is capable of localizing
electrons and holes in potential wells, giving rise to the quan-
tum conﬁnement effect of Si NCs, as experimentally
observed in the PL of sample SN1 and SN2.
IV. CONCLUSIONS
We combined different techniques including XPS,
HRTEM, STEM-EELS and PL spectroscopy to study the
FIG. 10. Energy shifts and peak contributions of blue emission bands (DL2
and DL4) as a function of O content in the three annealed samples.
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structure, chemical bonding, and optical properties of sput-
tered silicon nitride thin ﬁlms of variable compositions. It is
found that after annealing at 1100 C for 2 h, Si NCs were
formed in highly Si-rich silicon nitride (50 at. %–60 at. %
Si), and the crystal size and density strongly depend on the
amount of excess Si. For ﬁlms with a smaller Si concentra-
tion (less than 40 at. % of Si) no Si NCs were formed in
the nitride matrix while the ﬁlm structure remained amor-
phous. We were able to correlate the nitride content in differ-
ent samples and the degree of O incorporation into the
nitride network due to its porous structure. Different chemi-
cal bond distribution models were used to describe the ﬁlm
structures.
The SRN ﬁlms with low O content can be best described
by the intermediate model, according to which the SiOxNy
ﬁlms comprise ﬁve types of tetrahedral units, as in the RBM,
but for which the probability of ﬁnding a given tetrahedron
type is not described by the RBM. On the other hand, a high
level of O incorporation into the silicon nitride network
results in a structure that is well described by the RBM.
These theoretical models were justiﬁed experimentally by
our XPS and EELS results. This information about the spe-
ciﬁc atomic structure and bonding characteristics in these
SiOxNy nitride ﬁlms provides us with key knowledge to clar-
ify the roles of Si NCs and defects in the PL.
A model of gap states and electronic transitions for the
SiOxNy ﬁlms is proposed, according to which the dominant
emission in the PL arises from the radiative Si dangling bond
centers in the silicon nitride matrix, whereas the contribution
from the emission band related to the gap state of Si–O
bonds increases with O content. In addition, for samples
where Si NCs have been found, the association of the emis-
sion band arising from band-to-band recombination in the Si
NCs is proportional to the concentration of crystals in these
samples. Our study also shows that in order to obtain desira-
ble physical properties of silicon nitride thin ﬁlms produced
by sputtering, a precise adjustment of the deposition parame-
ters is needed, making the produced ﬁlms more reliable for
practical applications.
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The plasmonic properties of individual quantum-sizedGe nanocrystals (NCs)were observed and systematically
analyzed by aberration-corrected scanning transmission electron microscopy (STEM) and electron energy loss
spectroscopy (EELS). For this purpose, Ge NCs embedded in an SiO2 matrix with controllable size, density, and
structure were fabricated using magnetron sputtering. The size dependence of the Ge plasmon energies in the size
range of 5–9 nm is shown to be well depicted by the so-called medium quantum conﬁnement (QC) model, with
an effective mass of 0.57m0 (contrary to expectations of a stronger quantum effect). In the very low-loss region
of the EEL spectra, an apparent blue shift of the E2 interband transition peak up to 2 eV and a strong reduction
in the oscillator strength were measured for the NCs in the size range of 4–6 nm. It indicates for this smaller size
range a transition to a QC regime where the band structure and the density of states are modiﬁed dramatically.
These trends are explained by a combination of low-loss and core-loss EELS results, which show that the Ge
NCs are surrounded uniformly by nearly stoichiometric SiO2. This local chemistry is shown to provide an inﬁnite
potential barrier and to conﬁne electrons and holes in the spherically shaped Ge NCs. In addition to pure QC
effects in the Ge NCs, the SiO2 matrix thus plays an important role in the strength of the observed QC and
interband transitions.
DOI: 10.1103/PhysRevB.86.245316 PACS number(s): 73.22.−f, 73.21.La, 73.63.Bd
I. INTRODUCTION
Ge and Si nanocrystals (NCs) embedded in dielectric
matrices such as SiO2 have attracted a great deal of attention
due to their tailorable electronic and optical properties for
a wide range of optoelectronic and solar cell applications.1
It is well demonstrated that the electronic structure of the
valence band and the conduction band are strongly modiﬁed
in these NCs.2,3 For example, by engineering the sizes and
morphologies of Si and Ge nanostructures, a widening of
effective band gaps and an efﬁcient interband absorption over
a certain spectrum range can be obtained.4 Therefore, in order
to tailor these systems for optoelectronic applications, it is
extremely important to understand how their properties evolve
as a function of NC size and structure.
If the “particle in a box” model is applied to the aforemen-
tioned systems, one would expect the band gap to increase and
the characteristic transition energies, such as excitons, to move
to higher energies due to the quantumconﬁnement (QC) effects
in the conﬁned directions.5 The consequences of these effects
have been studied extensively by a variety of techniques,
including theoretical calculations,3,5,6 a combination of low-
loss and core-loss STEM-EELS,7–9 and x-ray absorption
spectroscopy (XAS).10 More complicated quantum behaviors
of different interband transitions away from the Brillouin zone
center of Ge atomic-like discrete structures, which cannot be
described completely by the “particle in a box” model, have
also been studied through optical absorption, Raman scatter-
ing, and ellipsometry.11,12 Although these optical methods are
commonly used to characterize the optoelectronic properties
of such systems, the quantitative information they collectively
yield is difﬁcult to interpret due to several factors contributing
to the uncertainty of experimental results: size dispersion of
NCs, different shapes, density, and interface structures of NCs
as well as electron, photon, and phonon transfer between NCs.
Consequently, there have been many apparently conﬂicting
reports on these systems. For instance, Tognini et al.11 reported
absorption spectra from Ge NCs showing a blue shift of the
E2 transition, which occurs near the X point of the Brillouin
zone, and a weakening of the E1 transition, which is along
the  direction, with decreasing Ge NC size. By contrast,
Heath et al.12 studied extinction spectra from Ge NCs and
suggested that E1 and E2 remain unaffected by QC. Finally,
Melnikov and Chelikowsky13 calculated absorption spectra of
Ge NCs using ab initio calculations and showed that both E1
and E2 energies are expected to blue shift owing to QC. The
discrepancies between the reported experimental results and
theoretical calculations demand further investigation in order
to predict more accurately the quantum behaviors of these
transitions.
One of the most important factors for consideration, when
studying QC effects experimentally, is the spread in NC sizes
in the samples, which can lead to uncertainties in exciton
line positions and widths.10 Among the variety of available
experimental techniques, aberration corrected STEM-EELS
is particularly suited to probing the local electronic structure
and elemental distribution inside the individual NCs and their
surrounding matrices thanks to its key advantage of very high
combined spatial and energy resolutions.14 The low-loss part
of the EELS spectrum provides inherent information about
plasmon densities and band structures of semiconducting
and insulating materials.15 In addition, the energy-loss near
edge structure (ELNES) in core-loss EELS reﬂects the local
density of empty states above the Fermi level, which provides
information about the chemistry and bonding of the material
under investigation.16 In the present paper we combine
experimental low-loss and core-loss STEM-EELS to study
a number of phenomena related to QC in individual Ge NCs
embedded in an SiO2 matrix. The observed phenomena include
an apparent blue shift in plasmon energies and an enhancement
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of Ge interband transitions with decreasing NC size. In order
to facilitate the interpretation of the experimental results,
theoretical simulations have also been carried out for similar
conﬁned nanostructures to predict possible behaviors of the
excitations in the low-loss EELS and thus provide a clearer
physical understanding. In addition to the quantum size effects,
chemical states and electronic properties of the SiO2 matrix as
well as effects due to changes in the Ge crystal structure are
also investigated and discussed.
II. EXPERIMENT
A four-layer structure thin ﬁlm composed of an SiO2 buffer
layer followed by two SiGeO middle layers with different
Ge contents and a capping SiO2 layer was deposited on a
(100)-oriented single-crystal Si substrate by radio frequency
(rf) magnetron sputtering in Ar atmosphere. These layers will
be hereafter named as layers 1, 2, 3, and 4 for simplicity. Prior
to sputtering, the chamber was evacuated to 5 × 10−7 mbar.
During the ﬁlm deposition the Ar pressure in the chamber
was kept at 1 × 10−3 mbar. Layers 2 and 3 of SiGeO were
obtained by co-sputtering and deposition from SiO2 and Ge
targets without any intentional substrate heating. The different
Ge content between these layers was achieved by adjusting
the sputtering rate for the Ge target, while the sputtering
rate for the SiO2 target was kept constant. With the purpose
of forming Ge NCs in the oxide matrix, the sample was
subsequently annealed at 800 ◦C for 1 h in a sealed SiO2 glass
tube evacuated to a vacuum of better than 1 × 10−2 mbar.
High-resolution transmission electron microscopy (HRTEM)
observations were performed at 200 keV primary beam
energy with a JEOL 2010F microscope. The STEM-EELS
experiments were performed at 60 keV in a Cs-corrected Nion
UltraSTEM17 equipped with a Gatan Enﬁna spectrometer. The
cold ﬁeld electron emitter of this instrument has a native energy
spread of 0.35 eV, as determined from the full width at half
maximumof the zero-loss peak in typical operating conditions.
The EELS experiments were carried out with a probe size of
1.1 A˚, the collection semiangle was 4 mrad for the low-loss
data sets and 32 mrad for the core-loss data sets. The probe
convergence semianglewas 30mrad. Both 2D-EELS spectrum
imaging and distributed-dose “SMART EELS”18 line-scan
techniques were employed. The latter was used in order to
mitigate the effects of radiation damage and contamination
by distributing the electron dose received by individual NCs.
Postmortem images were systematically acquired in order to
check for possible specimen drift during the data collection
and to assess specimen beam damage.
III. RESULTS AND DISCUSSION
A. Structural and chemical characterization
HRTEM imaging and electron diffraction conﬁrmed the
formation of GeNCs in both layers 2 and 3. As shown in Fig. 1,
layer 2 has a higher density and bigger grain size of Ge NCs
(5–10 nm) than layer 3 (2–5 nm). For both layers, the NCs are
nearly spherical in shape and uniformly distributed in the bulk
of these layers. The results of quantitative energy dispersive
x-ray spectroscopy analysis showed that the concentration of
elemental Ge in layers 2 and 3 are 40% and 12%, respectively.
FIG. 1. HRTEM image of the three layers: layer 2 has a higher
density and bigger grain size of Ge NCs (5–10 nm) than layer 3
(3–5 nm). The inset shows clear lattice fringes of a Ge NC in layer 2.
Some of the NCs, which precipitated densely in layer 2, are
interconnected and/or formed twinning defects, while all of
the NCs in layer 3 are well separated and defect-free. In
addition, for layer 3 the lattice fringes inside the NCs and the
interfaces between them and the matrix were not resolved in
the HRTEM images as clearly as those in layer 2. Especially
the particles with sizes ∼2 nm in layer 3 were found to be
amorphous, which is in good agreement with XAS results
reported by Araujo et al.19 on Ge NCs implanted in an SiO2
matrix, and molecular-dynamics results for Ge NCs embedded
in an amorphous matrix reported by Bording and Taftø.20
It is well known that the optical properties of Si and Ge NCs
are strongly affected by the structural and chemical properties
of their surfaces since NCs have a high surface to volume
ratio.21 The interface between a NC and its surrounding matrix
can play a crucial role in the optoelectronic properties of the
NCs.22,23 By analyzing the Si L2,3 edge from the core-loss
EELS line scans across the surrounding matrix to the NC
core, useful information about the local bonding, defect, and
chemical state at the site where the atom is being excited can
be obtained. Figure 2(a) shows the HAADF STEM survey
image of a Ge particle in layer 2 where the trace of a core-loss
EELS line scan taken across the particle is marked from A to
D. Figure 2(b) shows background-subtracted, averaged EELS
spectra of the Si L2,3 edge (each spectrum in this ﬁgure is an
average of 20 adjacent spectra) from the four probe positions
indicated in Fig. 2(a). The spectra correspond to the areas
marked A to D in Fig. 2(a). Compared to the Si L2,3 edge of
stoichiometric SiO2 reported by Erni et al.,16 the four spectra
show similar peak energies and ELNES. It is expected that
the suboxides (Si1+, Si2+, and Si3+) should show a broad
intensity band in front of the Si L2,3 edge.16,24–26 As seen in
Fig. 2(b), no extra intensity in the pre-edge region is observed.
The only difference is found in the intensities of the edges,
which are as expected higher in the matrix than in the NC
core. Therefore the Ge NCs appear to be surrounded uniformly
by nearly stoichiometric SiO2, and if there is any chemical
modiﬁcation in the matrix [e.g., O deﬁciency, coexistence
of (SiO2)x(GeO2)y. . .], the concentration of any secondary
phases must be too low to be detected at the Si L2,3 edges.
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(a) (b)
FIG. 2. (Color online) (a) HAADF STEM survey image of a Ge
particle in layer 2 where the trace of core-loss EELS line scans
taken across the particle is marked from A to D. (b) Background-
subtracted, averaged EELS spectra of the Si L2,3 edge from the four
probe positions indicated in (a). The spectra correspond to the areas
marked A to D in (a), respectively.
A similar behavior was observed for the averaged core-loss
EELS line scans across the ﬁlm structure from layer 1 to 3, at
both Si L2,3 and O K edges. The intensities of these edges are
highest in layer 1 of pure SiO2 and lowest in layer 2 where Ge
NCs precipitated densely. The fact that the similar shape and
sharp features of the Si L2,3 edge can be observed in the three
layers indicates that the suboxide content is negligible and
the chemical structure of the matrix, which is stoichiometric
SiO2, is independent of the Ge content in layers 2 and 3. This
information is essential for deconvoluting the contribution of
the matrix in the low-loss EELS data that will be discussed in
the following section of this paper.
B. Experimental and calculated low-loss EELS
The controllable sizes, spatial distributions, and structures
ofGeNCs in layers 2 and 3 allowus to study the size-dependent
volumeplasmon and interband transition energies of individual
NCs in a large range of sizes with different crystal densities
and structures under the same experimental conditions. Due
to the radiation damage sensitivity of the Ge-SiO2 system and
in order to improve the signal to noise ratio, the distributed-
dose SMART EELS acquisition technique was employed for
low-loss EELS. The typical setting of SMART acquisitions is
shown in Fig. 3(a), where the HAADF image is marked with
the trace of the line scan taken across a Ge NC in layer 2, while
the dose is distributed by displacing the probe along the other
direction at each point in the line scan, as indicated. Figure 3(b)
shows zero-loss peak subtracted (using a power-law function),
averaged plasmon EELS spectra from the line scan in Fig. 3(a).
Each spectrum in Fig. 3(b) is an average of 20 adjacent
spectra (of a line scan containing a total of 150 spectra). The
spectra correspond to the areas marked A to C in Fig. 3(a),
respectively. Moving from the matrix to the NC core, the
plasmon peak shifts to lower energy. The plasmon response of
this heterostructure is expected to contain contributions from
both theGeNCs and the surrounding SiO2 matrix. Therefore, a
deconvolution of these broad plasmon peaks is needed in order
to identify the individual constituents.9 By using the Voigt
functional-form ﬁtting method, different component peaks are
resolved for spectrum B taken at the NC core as shown in
Fig. 3(c). The two main components under the plasmon peak
were assigned to the volume plasmons of the Ge NC and
SiO2, matrix respectively. The position of the SiO2 matrix
plasmon was veriﬁed independently by acquisition of low-loss
EEL spectra from the matrix immediately surrounding each
studied NC. The plasmon energy of the matrix was found
to be in the range of 23–24 eV. This is in agreement with
the core-loss EELS results, which showed that the matrix
composition is uniform and is nearly stoichiometric SiO2.
The remaining components correspond to the broad M4,5
ionization edge of Ge NCs at around 29 eV27 and a broad peak
with maximum around 6 eV. This peak, seen only in spectra
acquired in layer 2 (Fig. 3) and layer 3 (not shown), could have
several origins, including interband transitions from Ge NCs,
retardation effects, such as ˇCerenkov radiation and guided light
modes, or interface plasmon excitation between Ge NCs and
the SiO2 matrix.
In order to determine the origin of the low-loss peak at
6 eVwe performed low-loss EELS calculations for a simpliﬁed
sandwich structure of SiO2/Ge/SiO2 as well as for amorphous
SiO2 and Ge of varying thickness, for conditions that reﬂect
(a) (c)(b)
FIG. 3. (Color online) (a) Typical setting of EELS SMART acquisitions for the low-loss line scan, where the HAADF image is marked
with the trace of the line scan taken across the Ge NC. (b) Zero-loss peak subtracted, averaged plasmon EELS spectra from the line scan in (a).
The spectra correspond to the areas marked A to C in (a), respectively. (c) Different component peaks are resolved for spectrum C taken at the
NC core by using the Voigt functional-form ﬁtting method.
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FIG. 4. (Color online) Calculated low-loss EELS spectra at 60 kV
for four systems: 75 nm of SiO2, 75 nm of Ge, 5 nm of Ge, and (35 nm
SiO2 / 5 nm Ge / 35 nm SiO2). For the last three systems, the interband
transition ∼2.5 and 5 eV is well described.
the experimental setup. In these simulations, we use the Ge
and SiO2 bulk dielectric functions,28 and apply the dispersion
bracket formalism of Bolton and Chen29,30 which allows for
calculating surface/interface and bulk plasmons as well as
(relativistic) radiation losses. QC effects are not included
as they would require corresponding dielectric data.31,32 The
calculations show that the very low-loss regions (0–10 eV)
of the EELS spectra from the Ge and SiO2/Ge/SiO2 systems
are dominated by interband transitions at ∼2.5 and 4.8 eV
originating from the thin Ge layers (Fig. 4). These features,
which are present in the calculated spectra of a pure Ge slab
of thickness 75 and 5 nm, respectively (green and dark blue
curves), as well as in the spectrum of the sandwich structure
of a 5 nm thick Ge slab embedded in 70 nm amorphous
SiO2 (red curve), closely resemble the E1 (2.3 eV) and E2
(4.4 eV) transitions reported in bulk Ge.33,34 No interface
plasmons between SiO2 and Ge thin layers were predicted by
the simulation, implying that there is no strong coupling of the
dielectric functions. The fact that the features and intensities of
the peak around 6 eV observed experimentally in our spectra
do not vary as the beam moves from the particle core to the
matrix/particle interface further conﬁrms that these features
are not likely related to the interface plasmons. Hence, the
experimental data can be interpreted in terms of a superposition
of a spectrum that is due to the SiO2 matrix and another
part that is due to the Ge NCs. Moreover, there are no
signiﬁcant peaks present in the calculated spectra that are due
to retardation effects such as ˇCerenkov losses or losses due
to the excitation of guided light modes. Indeed, the absence
of signiﬁcant radiation losses can be expected at a primary
electron energy of 60 keV. Yet, what cannot be completely
ruled out is that residual radiation damage leads to the creation
of electronically active defects in SiO2 that could contribute to
the absorption in the sub-10 eV energy range.35–37 However,
as the spectrum recorded from amorphous SiO2 does not show
signiﬁcant intensity in the sub-10 eV range, the overall effect
of residual radiation damage must be small. Therefore, the
experimental spectra reﬂect the actual dielectric characteristics
of the material (the interband transitions from Ge NCs) rather
than the interaction with the matrix or electron beam. It is
therefore concluded that the peak observed at 6 eV peak more
likely corresponds to the E2 interband transition, blue shifted
with respect to its bulk value.
C. Quantum conﬁnement of E2 interband transition
The E1 transitions (∼2.3 eV) were not observed in our
experimental low-loss EELS spectra, possibly due to the
weakening of these transitions with the NC size reduction due
to a transfer of oscillator strength from E1 to E2 transition11
and the potential overlap with the tail of the zero-loss peaks.
Furthermore, Guerra et al.38 reported density functional theory
(DFT) calculations on the absorption spectra of Si NCs
embedded in SiO2 matrix and suggested that the absorption
at low energy (<4 eV) is strongly damped due to the screening
induced by polarization effects at theNC interfaces. Therefore,
it can be expected that the E1 transition features tend to vanish
in the presence of local ﬁeld effects at the NC interfaces.
As discussed above, the 6 eV peak can be assigned
to the E2 interband transition, which is one of the most
dominant absorption peaks in the visible region reported in
the literature.11,33,34,39 Figure 5(b) shows the evolution of the
E2 peak position with NC size, as determined by the zero
crossing of the ﬁrst derivative of the low-loss spectrum11,33,39
[Fig. 5(a)]. The E2 peaks show a very strong size dependence
in the size range of ∼4–6 nm. Radiation damage in the
very small NCs does not permit a more detailed study of
the behavior of this transition in the size range lower than
∼4 nm. When the NC size decreases from 6 to 4 nm, a
dramatic blue shift of the E2 peak by ∼2 eV is observed,
in addition to a depression of its features. A similar behavior
of this transition in optical extinction spectra was reported by
Hayashi et al.34 for sputtered Ge NCs embedded in SiO2 thin
ﬁlms, who suggested that for small Ge NCs (∼2.7 to 4.2 nm)
the whole band structure and the density of states are altered
dramatically.
(a) (b)
FIG. 5. (Color online) (a) First derivative of E2 transition peaks
of Ge NCs with different sizes. The zero crossing of the curves
determines the shift of E2 peaks. (b) The blue shift of E2 transitions
with decreased NC size.
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Compared to the shift of the E2 transition obtained by
ab initio calculations of the absorption spectra for hydro-
genated Ge NCs reported by Melnikov et al.,13 our data show
a higher shift. This might be attributable to the propensity of
local density approximation calculations to underestimate the
energy of the E2 transition.13 A smaller shift is also found for
the optical absorption data measured from Ge NCs conﬁned
in Al2O3/Ge multilayer structures by Bottani et al.,39 or from
Ge NCs embedded in SiO2 by Hayashi et al.,34 albeit with
the same trend of size dependence. This can be expected since
optical absorption data are acquired with a broader beam over
an average of NC size distributions, while our EELS data are
obtained directly from individual NCs by using a very small
probe size (∼1.1 A˚). The impact of using different dielectric
matrices and growth methods on the observed quantum size
effects is also very important in the interactions between NCs
and matrices, interface structures, induced stress, and local
ﬁeld effects.6,38,40,41 As shown by DFT calculations on the
absorption spectra of Si NCs embedded in SiO2 matrix by
Guerra et al.38 local ﬁeld effects cause a blue shift of the
main absorption peak (∼5.5 eV), in particular for small NCs,
which show a sensitivity to their surrounding environment
related to perturbations of the absorption resonance conditions.
Therefore, we suggest that the higher blue shift of the E2
transition observed in our experiments as compared to other
reported data13,39 can be attributed to the contribution of local
ﬁeld effects at the interfaces between Ge NCs and the SiO2
matrix. Crucially, this enhancement of interband absorption
with the reduction of Ge NC sizes and the variations of this
absorption with the crystal quality suggest a practical way
of tuning the efﬁciency of interband absorptions over certain
spectral ranges.
D. Quantum conﬁnement of volume plasmon energy
Depending on the Bohr radius (aB) and the NC diameter
(d), three regimes of QC can be deﬁned by the effective-
mass approximation (EMA):5,6 weak, medium, and strong
conﬁnement (for more details, refer to Refs. 5 and 6). For
Ge, aB is ∼24 nm, which means that for the size range of
Ge NCs in this work (∼2–10 nm) the strong conﬁnement
regime would be expected. Moreover, the blue shift of the
plasmon energies EP with decreasing particle diameter is
attributed to the quantum size effect of the band gap that
affects the plasmon energy through the oscillator strength
as described by Mitome et al.42 Experimental EELS data
of Si NCs and Ge nanowires have revealed trends of EP
∝ 1/d2 and EP ∝ 1/d1.2, respectively.8,9,42 Under the same
experimental conditions, Si and Ge NCs with similar structure
and geometry embedded in a dielectric matrix can be expected
to follow the same trend of EP ∝ 1/d2. The size dependence
of plasmon energies for Ge NCs (Fig. 6) is plotted against
theoretically predicted trends in three different regimes: strong,
medium, and weak conﬁnement. The theoretical QC curves
follow the EP ∝ 1/μ.d2 relation, where μ is the effective
mass of the electron-hole pair in each of these three QC
regimes.5,42 Overlaying our experimental data points with the
theoretical curves, it appears that the strong regime predicted
for the NC sizes considered here overestimates the QC effects
observed experimentally. The experimental data show instead
FIG. 6. (Color online) NC size dependence of the Ge volume
plasmon energy. The dotted-dashed, dotted, and dashed curves show
the theoretically predicted EP ∝ 1/d2 relationship in three different
regimes: strong, medium, and weak, respectively. The inset shows
the data ﬁtting for NCs > 4 nm.
that most of the NCs in layer 2 (>4 nm) follow closely
the medium conﬁnement curve and are best ﬁtted by the
equation EP = 31.58/ d2 + 15.87 (see the inset in Fig. 6),
which gives an estimated effective mass μ = 0.57m0, where
m0 is the electron rest mass, consistent indeed with a medium
conﬁnement model. By contrast, the NCs in layer 3 (<4 nm)
appear to follow the weak conﬁnement curve, although fewer
data points are available. The error bars indicate the accuracy in
determining the plasmon shift, which was veriﬁed statistically
from experiments and the instrument resolution.
While neither case appears to follow the initial theoretical
expectation of strong conﬁnement behavior, the observed
medium conﬁnement trend for the Ge NCs > 4 nm is in
fact in good agreement with the experimental EELS results
reported by Mitome et al.42 for freestanding Si NCs. They also
agree with the effective mass theoretical models calculated
by Barbagiovanni et al.6 for Si and Ge NCs embedded
in an SiO2 matrix. The latter were further conﬁrmed by
photoluminescence43 and XAS10 data.
It is of interest to compare the strength of QC effects
in the valence band of Ge NCs and of a similar system
consisting of Si NCs, as observed through the blue shift
of plasmon energies. We recently reported a strong QC in
Si NCs embedded in a silicon nitride matrix,9 far stronger
than the present Ge NCs embedded in an SiO2 matrix. While
this may appear to contradict earlier theoretical calculations44
and experimental XAS results10 (which showed stronger QC
effects in Ge than in Si), we believe it illustrates the pivotal
role of the matrix used when fabricating these devices.45 As
suggested by Barbagiovanni et al.,6 the SiNx matrix acts as
a ﬁnite potential barrier, allowing for tunneling of carriers;
hence, quantum dots in SiNx can be described quite accurately
by a strong conﬁnement model. By contrast, SiO2 acts as
an inﬁnite potential barrier6 and the conﬁnement strength in
this system can be expected to be lower. More importantly,
recent DFT calculations have shown that in addition to
QC effects in small NCs, the matrix must be taken into
account when evaluating the resultant energy levels.46 With
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increasing polarity of the bonds between the NCs and the
matrix, there is an increasing dominance of the interface
strain over the QC effects. Therefore, we suggest that in the
system of NCs embedded in a polar SiO2 matrix, the QC
can be drastically reduced as it competes against interface
effects.
A combination of factors is likely to contribute to the
observed downward shift in volume plasmon energies for the
NCs < 4 nm, from medium to weak conﬁnement. First, it
has been reported both experimentally and theoretically that
interface states could play an important role in NCs smaller
than a critical size (∼3 nm), whereas the larger crystals simply
follow the usual QC model.46–48 Second, there are reports of
lattice instability, which could cause a structural transition
from a diamond-type structure to an amorphous phase in
very small crystallites (<3 nm).49 As mentioned earlier, the
particles with sizes ∼2 nm observed in layer 3 were found
to be amorphous. Bording and Taftø have used molecular-
dynamics simulations to predict a critical size of 2 nm for
Ge NCs, below which the entire crystal will to some degree
be deformed or eventually be assimilated in the amorphous
phase.20 This transition would very likely change the physical
properties related to the electronic band structure. Calculation
of Ge band structure modiﬁcations caused by phase transitions
(using plasmon energy shifts as an indicator) could further
conﬁrm this hypothesis. Finally, the higher density and smaller
distance between the NCs > 4 nm in layer 2 could cause
stronger coupling effects than in the more sparsely populated
layer 3. This could in turn enhance the optical absorption cross
sections and the stronger plasmon coupling betweenNCs could
give rise to the stronger conﬁnement trend in layer 2. This
suggestion still remains explorative: further experimental and
theoretical studies would be required to reach a more certain
conclusion.
E. Comment on the band gap of the SiO2 matrix
Besides pure NC size effects, the chemistry of the matrix
can play an important role in the observed quantum size effects
in term of potential barrier height. In order to ascertain the
presence of any change in the SiO2 matrix band gap (compared
to pure SiO2) we compared low-loss EEL spectra from layers
1 and 2 [Fig. 7(a)]. Figure 7(b) shows the corresponding
zero-loss peak subtracted plasmon peaks, extracted from
the SMART line scan at positions A and B [Fig. 7(a)]
and averaged over 20 adjacent data points to improve the
signal-to-noise ratio. Spectrum A from layer 1 shows a sharp
peak at 24 eV corresponding to the plasmon energy of pure
SiO2, while spectrum B from layer 2 shows an asymmetric
plasmon peak which is skewed toward the lower energy side,
implying a contribution from both Ge and SiO2 signals. The
deconvolution of spectrum B revealed component peaks at 23
and 17 eV corresponding to the plasmon energies of SiO2 and
GeNCs, respectively. In addition to the distinct plasmon peaks,
the very low-loss energy regions from 4 to 11 eV in spectra A
and B exhibit signiﬁcant differences in features and intensities.
The visible band gap signal of the stoichiometric SiO2 in
spectrum A is estimated to be at 9.5 eV (from the intersection
of a straight line originating from the background level with a
linear ﬁt to the onset of the low-loss signal spectrum), while
(a) (b)
FIG. 7. (Color online) (a) HAADF-STEM image of layers 1 and
2 with different probe positions labeled from which correspond-
ing averaged low-loss EELS SMART line scans were acquired.
(b) Plasmon peaks extracted from the SMART line scan at different
positions indicated in (a). The inset shows visible band gap signal
of the stoichiometric SiO2 in spectrum A which is estimated to be
at 9.5 eV, while it becomes hardly to recognized in spectrum B. The
arrow points out position of the exciton peak observed in both spectra
A and B.
it is no longer visible in spectrum B. This can be attributed
to the overlap with the E2 interband transition at ∼6 eV in
front of the band gap onset in spectrum B. Therefore, it is
impossible to conclude directly if there is a real change in
the SiO2 band gap energy from layer 1 to layers 2 and 3
or whether this is caused by the contribution of Ge NCs to
the low-loss spectra. On the other hand, any change of the
characteristic exciton peak around 11 eV16 just at the band
gap signal observed in all of our low-loss EELS spectra might
be used as an indirect evidence of a band gap change of SiO2.
The exciton peaks measured in layers 1, 2, and 3 are 11.0,
10.8, and 10.9 ± 0.3 eV respectively. These values compare
well with literature data for crystalline SiO2, which indicate an
exciton peak at 10.8 eV.50 Thus, if there is a band gap variation
of the SiO2 matrix, it is too small to be detected within our
experimental error. This is consistent with the core-loss EELS
results, which show that the features and peak energies of
the Si L2,3 absorption edges of layers 2 and 3 do not change
compared to that of the stoichiometric SiO2 in layer 1.
IV. CONCLUSION
Our studies have shown clear evidence of QC effects on the
volume plasmons and interband transitions of individual Ge
NCs embedded in an SiO2 matrix. We have explained some of
the discrepancies between earlier theoretical and experimental
works on the behavior of the E2 transition, by demonstrating
a blue shift of ∼2 eV when the NC size decreases from 6 to
4 nm. The theoretical medium conﬁnement curve reproduces
well the overall size dependence of plasmon energies, although
it appears to overestimate the QC for NCs smaller than 4 nm,
which are better described by a weak conﬁnement model.
This double regime, as well as the overall weaker conﬁnement
effects (a stronger conﬁnement was expected from initial
theoretical considerations) can be interpreted as the result
of structure reconstruction and enhanced interface effects in
the very small NCs. The inﬂuence of the SiO2 matrix on the
optical response of the NCs was also investigated. The nearly
stoichiometric SiO2 matrix is found to provide not only an
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inﬁnite potential barrier to conﬁne electrons and holes in the
spherical shape Ge NCs but also an increasing polarity of
the bonds at the interfaces between the NCs and the matrix
compared to the SiNx matrix. These factors are very important
to determine the strength of the observed QC and the enhanced
interband transitions.
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